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Abstract
In this thesis, we investigate the synthesis of wurtzite M-plane (In,Ga)N(1100) heterostructures on γ-
LiAlO2(100) by plasma-assisted molecular beam epitaxy (MBE). We examine the impact of growth con-
ditions on the structural, morphological, and optical doping properties of M-plane GaN. Furthermore,
we fabricate M-plane (In,Ga)N/GaN multiple quantum wells and investigate their structural and opti-
cal properties. Finally, the incorporation of Mg in M-plane GaN is studied to achieve p-type conductiv-
ity.
We start by giving an introduction concerning strain and electrostatic polarization fields. The moti-
vation of growth along the [1100] direction, instead of along the conventional [0001] direction is pre-
sented. The GaN(1100) plane is nonpolar since it is composed of equal numbers of three-fold coor-
dinated Ga and N atoms. Furthermore, GaN is not piezoelectrically active along the [1100] direction.
The resulting absence of electrostatic fields in this direction constitutes a distinct advantage for fabri-
cating high-efficiency light-emitting diodes(LEDs). Corresponding [0001]-oriented structures grown on
conventional substrates such as Al2O3(0001) and SiC(0001), suffer from a degradation of luminescence
efficiency by the presence of both spontaneous and piezoelectric polarization along the growth direction.
The properties of the LiAlO2 substrate with respect to MBE growth are discussed next. The thermal
stability of LiAlO2 is demonstrated to be suitable for MBE-growth of heterostructures. The polarity of
LiAlO2 is found to have a crucial influence on the phase-purity of the GaN films. The synthesis of pure
M-plane GaN is preferentially achieved on one face of the substrate.
The impact of nucleation conditions on the structural and morphological properties of M-plane GaN
films is systematically investigated. Furthermore, a comprehensive study of Ga adsorption and des-
orption on the M-plane is presented. Optimum growth conditions are established, and high quality
M-plane GaN can be obtained reproducibly. Concerning the microstructure of our M-plane GaN layers,
stacking faults are found by transmission electron microscopy (TEM) to be the dominant defects, while
perfect threading dislocations, which are the dominant defects (108−1010 cm−2) in C-plane GaN, are
not observed by TEM. The correlation between the stacking faults and the optical properties of the films
is explored. A strong transition from excitons bound to stacking faults is observed by low temperature
photoluminescence measurements.
The successful synthesis of M-plane (In,Ga)N/GaN multiple quantum wells (MQWs) is demonstrated.
The composition profiles of these structures are investigated by both x-ray diffractometry and secondary
ion-mass spectrometry. The results reveal significant In surface segregation, resulting in a reduced In
content and much wider wells than intended. The resulting In content of ∼7% is lower than that ob-
tained (∼15%) for corresponding C-plane structures grown under identical conditions, suggesting a
lower In incorporation efficiency on the (1100) plane compared to the (0001) plane. The dependence of
the transition energies on the well thickness of these M-plane quantum wells evidences the absence of
internal electrostatic fields along this growth direction. The recombination dynamics in these MQWs
is investigated in detail, and is found to be strongly influenced by localized states. Furthermore, in
contrast to C-plane (0001) structures, a strong in-plane anisotropy of the spontaneous emission with an
energy-dependent polarization degree of up to 96% is observed in the M-plane (In,Ga)N/GaN MQWs.
Finally, the impact of the growth temperature and stoichiometry on the Mg incorporation in GaN(1100)
is investigated. Mg doping levels up to 8×1020 cm−3 can be obtained in M-plane GaN, with no
observed degradation in crystal quality. Both Mg diffusion and surface segregation in M-plane GaN are
observed. In addition, a pronounced dependence of the O incorporation on the Mg doping is observed,
and attributed to the high reactivity of Mg with O. Both optical and electrical measurements indicate
that Mg acts as an acceptor in the Mg-doped M-plane layers.
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Zusammenfassung
Thema dieser Arbeit ist die Synthese von Wurtzit M-plane (In,Ga)N(1100)-Heterostrukturen auf γ-
LiAlO2(100) mittels plasmaunterstützter Molekularstrahlepitaxie (MBE). Der Einfluß der Wachstums-
bedingungen auf die strukturellen, morphologischen, und optischen Eigenschaften von M-plane GaN-
Filmen werden untersucht. Ferner werden M-plane (In,Ga)N/GaN Multiquantenwells (MQWs) herge-
stellt und deren strukturelle und optische Eigenschaften untersucht. Schließlich wird der Einbau von
Mg in M-plane GaN untersucht, um p-Typ-Leitfähigkeit zu erreichen.
Die Arbeit beginnt mit einer Einführung bezüglich der Verspannung und der elektrostatischen Polari-
sation in Nitriden. Die Motivation für das Wachstum in [1100]-Richtung anstatt in der konventionellen
[0001]-Richtung ist, dass die GaN(1100)-Fläche nichtpolar ist, da sie aus einer gleichen Anzahl dreifach
koordinierter Ga- und N-Atome aufgebaut ist. GaN ist überdies nicht piezoelektrisch in der [1100]-
Richtung. Das daraus folgende Fehlen elektrostatischer Felder in dieser Richtung stellt einen klaren
Vorteil für die Leistung von GaN-basierenden hocheffizienten Leuchtdioden (LEDs) dar. Entsprechende
[0001]-orientierte Strukturen, die auf konventionellen Substraten wie Al2O3 und SiC abgeschieden wer-
den, leiden unter einer verringerten Effizienz durch die Präsenz der spontanen und piezoelektrischen
Polarisation in dieser Wachstumsrichtung.
Die Eigenschaften des Substrats LiAlO2 in Bezug auf das MBE-Wachstum werden anschliessend disku-
tiert. Es wird gezeigt, daß die thermische Stabilität von LiAlO2 für das MBE-Wachstum von Heterostruk-
turen geeignet ist. Die Polarität von LiAlO2 hat einen entscheidenden Einfluß auf die Phasenreinheit der
GaN-Filme, und die Wahl der richtigen Polarität ist Voraussetzung für die Herstellung von einphasigen
M-plane GaN-Schichten.
In Kapitel 4 wird der Einfluß der Nukleationsbedingungen auf die strukturellen und morphologi-
schen Eigenschaften von M-plane GaN-Filmen systematisch untersucht. Ferner wird die Ga-Adsorption
und -Desorption ausführlich untersucht. Optimale Wachstumsbedingungen werden etabliert, die es
ermöglichen, M-plane-GaN-Schichten hoher Qualität reproduzierbar zu erhalten. Die Mikrostruktur
der M-plane-GaN-Schichten, untersucht mittels Transmissionselektronenmikroskopie, ist durch eine
hohe Dichte an Stapelfehlern als dominierenden Defekt gekennzeichnet. Vollständige Fadenversetzun-
gen, die die dominanten Defekte in C-plane GaN sind, werden dagegen nicht beobachtet. Die Korre-
lation zwischen den Stapelfehlern und den optischen Eigenschaften der Films wird untersucht. Eine
intensive Emissionslinie wird in Tieftemperatur-Photolumineszenzspektren beobachtet, die an Stapel-
fehlern gebundenen Exzitonen zugeordnet wird.
In Kapitel 6 wird die erfolgreiche Synthese von M-plane-(In,Ga)N/GaN-MQWs beschrieben.
Das Zusammensetzungsprofil dieser Strukturen wird mittels Röntgendiffraktometrie und Se-
kundärionenmassenspektrometrie untersucht. Die Ergebnisse belegen eine beträchtliche Ober-
flächensegregation von In, die zu einem erniedrigten In-Gehalt sowie stark verbreiterten Quantenwells
führt. Der erhaltene In-Gehalt von 7% is niedriger als derjenige (15%), der in entsprechenden C-plane-
Strukturen gefunden wird, die unter identischen Bedingungen hergesellt wurden. Dieses Resultat deu-
tet auf eine niedrigere Einbaueffizienz von In auf (1100) verglichen mit (0001) hin. Die Abhängigkeit
der Übergangsenergien von der Quantenwellbreite dieser M-plane-MQWs belegt die Abwesenheit in-
terner elektrostatischer Felder entlang der Wachstumsrichtung. Die Rekombinationsdynamik in diesen
MQWs wird im Detail untersucht. Sie ist stark von lokalisierten Zuständen beeinflußt. Im Gegensatz zu
C-plane-Strukturen, wird in diesen M-plane MQWs eine starke Polarisation der spontanen Emission in
der Filmebene mit einem energieabhängigen Polarisationsgrad von bis zu 96% beobachtet.
In Kapitel 7 wird der Einfluß der Wachstumstemperatur und der Stöchiometrie auf den Mg-Einbau
in GaN(1100) zur p-Dotierung untersucht. Eine Mg-Konzentration bis zu 8×1020 cm−3 kann in
M-plane-GaN-Schichten ohne beobachtbare Degradation der Kristallqualität erreicht werden. Es wird
sowohl eine Diffusion als auch eine Segregation von Mg in M-plane GaN beobachtet. Zusätzlich wird
eine ausgeprägte Abhängigkeit des O-Einbaus von der Mg-Dotierung beobachtet, was auf die hohe
Reaktivität von Mg mit O zurückgeführt wird. Sowohl optische als auch elektrische Messungen weisen
darauf hin, daß Mg in diesen M-plane GaN-Schichten als Akzeptor eingebaut wird.
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The recent advent of group III-nitrides has opened a new era in the field of semicon-
ductor materials and devices. The III-nitrides, aluminum nitride (AlN), gallium nitride
(GaN) and indium nitride (InN), are all direct band gap materials with band gaps (in
hexagonal wurtzite structure) ranging from 0.7 eV (α-InN) [1, 2] through 3.4 eV (α-
GaN) to 6.2 eV (α-AlN). They form a complete series of ternary alloys which spans the
whole visible spectrum and extends well into the infrared and ultraviolet (UV) region,
i.e. from 1.7 µm to 200 nm. This advantage makes them ideal candidates for tailored
optoelectronic devices, especially visible light emitters in the blue and green regions,
which were previously difficult to achieve. For several decades with little success,
billions of dollars have been expended in trying to make semiconductor diodes that
emit blue light, especially blue lasers, operating continuously and at room tempera-
ture. Although realization of blue devices using II-VI compounds have been partially
successful, [3] the problem of achieving acceptably long operating lifetimes has not yet
been solved, thus leaving the space open to the III-nitride alternative.
Historical Review of GaN In the following, a brief history of the GaN is given. GaN
was first synthesized by Johnson et al. in 1932 by passing ammonia through hot Ga [4].
Later, Juza and Hahn used the same technique and got GaN needles and platelets,
that were used for studying the optical and structural properties [5, 6]. However, the
progress in research and development of GaN before the 1970s was slowed down due
to the lack of modern crystal growth techniques. With the technological development
of epitaxial growth of high-quality thin films on appropriate substrate materials, in
1969 the first GaN was epitaxially grown by halide vapor phase epitaxy on sapphire [7].
The films at early time were unintentionally n-type doped, with electron concentra-
tions ranging from 1018 to 1020 cm−3. Such high n-type background concentrations
made it difficult to achieve p-type doping. Most potential acceptor elements, such as
Mg, Be, Zn and Cd, were incorporated into GaN, either during growth [8, 9, 10, 11]
or by post-growth ion implantation [12], but there was no p-type conduction obtained.
The first light emitting diode (LED) based on GaN was produced by a Zn-doped metal-
insulator-semiconductor structure but showed only a low efficiency [13]. After this ini-
tial progress made during the 1970s, the pace of research of GaN became slow, because
of the lack of high quality epilayers and the lack of success in making p-type GaN. The
origin of high background doping was found to be due to O incorporation during the
growth [14], instead of N vacancies as was assumed before. It was not until the modern
growth techniques of molecular beam epitaxy (MBE) and metal-organic vapor phase
epitaxy (MOVPE, also called metal-organic chemical vapor deposition, i.e. MOCVD)
were developed that further development and progress took place. Strenuous efforts
were made to optimize growth conditions and introduce more suitable buffer layers
to reduce the n-type background doping levels. This eventually proved successful—
background levels below 1017 cm−3 at room temperature were achieved, in the late
1980s and the early 1990s. This remarkable progress was made by an insertion of ei-
ther a low-temperature AlN [15, 16] or a low-temperature GaN buffer layer [17, 18]
before the GaN growth. Concerning p-type doping, although the group II element Mg
had long been expected to be a good acceptor dopant and significant amounts of Mg
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could be incorporated into GaN during MOVPE growth, it was impossible to detect
positive charge carriers at room temperature. The films turned out to be highly re-
sistive. A rather accidental discovery allowed Amano et al. [19] to demonstrate that
post-growth low-energy electron beam irradiation activates Mg-doped GaN films and
converts them from the as-grown highly resistive state to a p-type conductive state.
Previous observations in other III-V materials such as GaAs and InP had established
that hydrogen incorporation plays a crucial role in passivating p-type dopants. Based
on this knowledge, Nakamura et al. [20] have improved the activation of the Mg accep-
tors in MOVPE-grown GaN by utilizing thermal annealing in N2. The resistivity was
observed to drop from ∼ 106 to 2 Ωcm. These advances led to realizing the first GaN-
based p-n junction LED in 1994 [21]. Present-day high-brightness nitride-based LEDs
mostly comprise (In,Ga)N or GaN quantum well (QW) structures as active regions.
This breakthrough has paved the way for further rapid research and development of
nitride-based devices. Compact solid state lamps consisting of high-brightness nitride-
based LEDs are of current technological and commercial interest as an alternative to
conventional Edison’s fragile and energy-consuming light bulb. However, at present
the best white LEDs made by combining blue InGaN LEDs and yttrium aluminum
garnet (YAG) phosphor have only luminous efficiencies of 20−30 lm/W, which is com-
parable with that of incandescent lamps, but lower than that of fluorescent lamps.
Although their life time is orders of magnitude longer than conventional light bulbs,
the expected energy-saving, with great economic and ecological consequences, is not
yet realized. Nevertheless, GaN is one of the most promising wide bandgap semi-
conductors for applications in optoelectronic devices in the blue and ultraviolet (UV)
wavelengths.
Current Interest Although the development of nitride-based light emitting devices
has been achieved with great success, their luminous efficiencies, especially in the
green or ultraviolet wavelength regions, are still quite low, due to the presence of elec-
trostatic fields within the active layers [22]. These fields are generated by the spon-
taneous and piezoelectric polarization fields [23], since most structures are deposited
along the conventional growth direction, i.e. [0001]. These polarization fields give
rise to large internal electrostatic fields, which results in the confinement of a two-
dimensional electron gas. Although this property can be used for certain device appli-
cations, for example, high electron mobility transistors (HEMT) [24,25,26], it is not de-
sirable for light emitting devices, as the internal electrostatic field reduces the overlap
of the electron-hole wave functions (quantum confined Stark effect) [22, 27]. The poor
overlap of electron-hole wavefunctions also results in a long radiative life time [28],
and consequentially low internal quantum efficiency, as there are always some com-
peting non-radiative recombination channels at elevated temperatures.
One solution to get rid of these notorious internal electric fields is the growth of cubic
group III-nitride heterostructrures. [29, 30] However, even after intense efforts [31, 32],
the lack of suitable substrates and the inherent thermodynamic metastability of this
phase has detained the achievement of device-quality material. Alternatively, the
wurtzite structure of α-GaN indicates that any direction orthogonal to the unique
[0001] axis, such as [1100] and [1120], is free of spontaneous polarization. In addi-
tion, these directions also do not carry piezoelectric polarization if shear stresses in the
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growth plane are absent. Therefore, due to the resulting absence of electrostatic fields,
these directions constitute a distinct advantage for fabricating high-efficiency GaN-
based LEDs over corresponding [0001]-oriented structures on conventional substrates
such as Al2O3(0001) and SiC(0001). Waltereit et al. first demonstrated an improved in-
ternal quantum efficiency of GaN/(Al,Ga)N quantum wells grown along the [1100] di-
rection on γ-LiAlO2(100), as a result of the absence of internal electrostatic fields across
the quantum wells [33]. This triggered a surge in studying nonpolar group-III nitride
heterostructures [34,35,36,37,38,39,40,41,42,43,44,45]. Most recently, ultraviolet LEDs
based on non-polar GaN/(Al,Ga)N(1120) quantum wells have been realized [46].
Aim of this work As mentioned above, growth of α-GaN along a nonpolar direction
is a promising way to achieve high-efficiency light emitting devices, which is the mo-
tivation of this work.
As we see, getting rid of the internal electrostatic fields along the growth direction is
an approach to improve the quantum efficiency. Fundamental knowledge concerning
these fields in the wurtzite structure is thus needed, and is discussed in Chapter 2.
Some important physical properties pertinent to that, such as strain and stress, sponta-
neous and piezoelectric polarization, are described. For the band structure calculation,
one should also know how to estimate the strength of the internal electrostatic field
caused by accumulation of polarization charges .
The substrate used in this work is γ-LiAlO2, a rather novel candidate for the epitaxial
growth of GaN. No detailed study of its properties with regard to the epilayers grown
on this substrate has been yet carried out. Therefore, in Chapter 3, selected properties
of γ-LiAlO2 substrates are presented. Compared with conventional SiC or Al2O3 sub-
strates, the γ-LiAlO2 substrate provides some advantages, like small lattice mismatch
and selectivity in the wet-chemical etching process. Most interesting, GaN(1100) (the
M-plane) can be realized on this substrate, which paves the way to get rid of the in-
ternal electrostatic fields. However, this promising substrate also has certain draw-
backs. It is thermally and chemically unstable, which makes its preparation prior to
the growth and growth very difficult.
Although there are a few reports on nonpolar group-III nitride heterostructures
[34, 35, 36, 37, 38, 39, 40, 41, 42, 43, 44, 45], there is still a lack of a systematic knowledge
of optimizing the growth of them. Chapter 4 starts with showing a systematic study
of the impact of nucleation conditions on the growth of M-plane GaN(1100) films with
high phase purity. The optimum growth condition is then empirically established,
and high quality M-plane GaN can be reproducibly obtained. Furthermore, a com-
prehensive study of Ga adsorption, desorption and consumption on the M-plane GaN
is presented. All information obtained indicate an optimized growth regime for high
quality M-plane GaN films. Based on this effort, the synthesis and investigation of
(In,Ga)N/GaN MQWs becomes possible, which is presented in Chapter 6 .
A threading dislocation density of 108−1010 cm−3 is typically observed in conventional
C-plane GaN due to the large lattice and thermal mismatch between the SiC or Al2O3
substrates and the GaN layer. Good lattice match of γ-LiAlO2(100) to M-plane GaN
leads us to an investigation of the defects in M-plane GaN and their correlation with
the optical properties of the films. Chapter 5 presents this study. In contrast to conven-
tional C-plane GaN films, perfect threading dislocations in our M-plane GaN films are
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not detected. The dominant defects are basal plane stacking faults. The correlation of
stacking faults and their optical properties is explored. A strong transition from exci-
tons bound to stacking faults is observed at low temperature.
Although nonpolar wurzite GaN/(Al,Ga)N MQWs have been reported, either grown
on γ-LiAlO2(100) [33] or on R-plane(1102) sapphire [34], their (In,Ga)N/GaN counter-
part has not yet been seen in the literature. As the (In,Ga)N/GaN MQWs are widely
used as active regions in group III-nitride-based optoelectronic devices, the growth of
such structures is vital. The attempt of synthesizing M-plane (In,Ga)N/GaN MQWs
has turned out to be successful. In incorporation into the M-plane orientation is dis-
cussed in Chapter 6. It is observed that significant In surface segregation occurs on
the M-plane. Compared to the (0001) plane, a lower In incorporation efficiency on
the (1100) plane is revealed. Nevertheless, these (In,Ga)N/GaN MQWs allow us to
study their spontaneous emission mechanism. The presence of localized states has
been found to be of importance to the spontaneous emission. Furthermore, a strong po-
larization anisotropy of the photoluminescence of such structures has been observed.
This is interesting for the realization of polarization sensitive detectors. [47]
To realize LEDs based on M-plane GaN, p-type doping is definitely required. There-
fore, Mg-doping of M-plane GaN is investigated. In Chapter 7, the impact of the
growth temperature and stoichiometry on the Mg incorporation in GaN(1100) is stud-
ied. A Mg doping level up to 8×1020 cm−3 can be obtained in the M-plane GaN, with
no deterioration of the crystal quality. A pronounced dependence of O incorporation
on Mg doping is observed, which is attributed to the high reactivity of Mg with resid-
ual O. Both optical and electrical measurements of Mg-doped M-plane GaN indicate
that Mg, at least an appreciable amount, as acceptor.
A variety of characterization techniques have been employed during this work. Ex-
perimental details are not presented in a separate chapter, but are given in the relevant
parts of the thesis.
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2 Spontaneous and piezoelectric polarization in wurtzite
group III-nitride heterostructures
In this Chapter, two of the most important properties with regard to wurtzite group
III-nitride epilayers, i.e. strain and polarization fields, are briefly discussed, since they
are of importance for the spontaneous emission of these materials.
2.1 Strain and stress
Most of group-III nitrides are grown on lattice mismatched substrates, such as Al2O3,
SiC, and Si, so that strains are inevitably encountered in these materials systems.
Therefore, a proper treatment of strains and stresses of epilayers is of importance to
understand the modification of the band structure, which influences the optical and
electrical properties of the material. In this section, the concept of strain and stress is
outlined, in particular regarding the growth directions involved in this thesis, namely,
[1100] and [0001].
Unit cell The equilibrium structure of group-III nitrides is wurtzite. The unit cell is
shown in Fig. 2.1.
The primitive translational vectors can be expressed in terms of the unstrained lattice
constants ar and cr by
a1 = arêx,

















Figure 2.1: Scheme of the unstrained unit cell of wurtzite nitride semiconductors with the primitive
translation vectors ai and the set of Cartesian unit vectors (êx, êy, êz). ar and cr denote the unstrained
lattice constants. The shaded and patterned areas present the C-plane and the M-plane, respectively.
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Strain tensor The strain tensor describes the distortion of the unit cell with respect
to the equilibrium structure. Under strain, the lengths and/or the directions of the
primitive translational vectors are modified. The modified basis vectors (e′x, e′y, and
e′z) are related to the original set of vectors according to
e
′
x = (1 +εxx) êx + εxy êy + εxz êz
e
′
y = εyx êx + (1 +εyy) êy + εyz êz
e
′
z = εzx êx + εzy êy + (1 +εzz) êz
(2.2)
with the strain tensor elements εi j. The tensors consist of normal strain components
εxx, εyy and εzz as well as shear strain components εxy, εxz and εyz.
Stress tensor The stress tensor describes the pressure which has to be applied to the
crystal in order to distort it. Similar to the strain tensor, the stress tensor has normal
parts (σxx, σyy and σzz) and shear parts (σxy, σxz and σyz). The stress tensor is related
to the strain tensor via the elastic constants according to Hooke’s law. Considering the
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The samples investigated in this thesis were grown either along [1100] or [0001] direc-
tion. In both cases, shear components of both stresses and strains are absent since the
angles between the primitive translational vectors are conserved by stress along one of
the unit vectors êx, êy,or êz. Therefore, the strain tensor has only three non-vanishing
terms, namely, εxx, εyy and εzz.
Growth along [0001] In this case, the growth plane corresponds to the xy-plane and
deposition takes place along the z direction. As all C-plane samples were grown along
[0001], the treatment of stress-strain relationship can be further simplified, since the in-
plane strain is isotropic. Then the in-plane and out-of-plane strain components can be
expressed as ε‖=εxx=εyy and ε⊥=εzz (note: here the symbol ‖ and ⊥ indicate in-plane













Since the film is free to expand or shrink along the growth direction, the out-off-plane






which describes the Poisson effect.
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Growth along [1100] In this case, the growth plane is the xz-plane, while the growth
direction is along the y axis. The in-plane strain of an epilayer is usually anisotropic
(εxx 6= εyy), unlike the case of the C-plane films. Nevertheless, the out-of-plane stress







A noticeable red-shift of the spontaneous emission from wurzite nitride semiconduc-
tor quantum wells has been observed by many groups [28, 49, 50, 51], when the well
thickness is increased. This phenomenon is attributed to the quantum-confined Stark
effect (QCSE) caused by strong internal electrostatic fields along the growth direction.
The underlying reason is the presence of huge polarization fields in the wurtzite ni-
tride heterostructure, which has a singular polar axis and lacks inversion symmetry.
The polarization consists of spontaneous and piezoelectric components. In the absence
of external electric fields, the total macroscopic polarization P in a crystal is the sum
of the spontaneous polarization Psp in the equilibrium lattice and the strain-induced
piezoelectric polarization Ppe.
Spontaneous polarization The zincblende structure has four symmetry equivalent
polar 〈111〉 axes which cancel the polarization contribution of each other, and is free of
electrical polarization at equilibrium along the 〈001〉 direction. In contrast, the wurtzite
structure has a singular polar axis, namely, the [0001] axis (c-axis). Thus, there is a
spontaneous polarization along the c-axis even at equilibrium. However, both the
prism (1100) plane and the prismatic (1120) plane are nonpolar since they are com-
posed of equal numbers of threefold coordinated Ga and N atoms.
Piezoelectric polarization In practice, group III-nitride semiconductor structures are
grown under strain, due to the existence of lattice mismatch with regard to the un-
derlying layer. The consequent deformation of the unit cell leads to the piezoelectric
polarization, which, like the spontaneous polarization, is related to the unit cell sym-
metry. Zincblende films grown along the 〈001〉 direction are free of the piezoelectric
polarization since contributions from the four polar axes cancel each other. Films ori-
ented along one of the polar axes, however, encounter the piezoelectric polarization.
The wurtzite structure with its unique polar [0001] axis always carries piezoelectric
polarization along the c-axis. This thesis is concerned with the wurtzite structure, so
that we focus on this structure in the following. In general, the unit cell can be under
arbitrary strain. The piezoelectric polarization is obtain by relating the piezoelectric
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tensor (ei j) of the space group P63mc to the strain
PPZ =
 0 0 0 0 e15 00 0 0 e15 0 0











e31(εxx +εyy) + e33εzz
 (2.7)
As mentioned earlier, no shear strain is present in the samples investigated in this
thesis, therefore, both εxz and εyz vanish. The total polarization for the growth along
[0001] and [1100] is
PCPZ,[0001] = e33ε⊥ + 2e31ε‖ (2.8)
and
PMPZ,[1100] = e15εxz = 0 (2.9)
Symbol C and M in the equations above mean C-plane and M-plane systems, respec-
tively. As we see, the total polarization along the [1100] direction is zero. However,
one should keep in mind that the in-plane piezoelectric polarization in M-plane GaN
is still present along the c-axis, with the magnitude of
PMPZ,[0001] = e31(εxx +εyy) + e33εzz
Nonlinearity of macroscopic polarization The electrical polarization in nitride al-
loys were usually estimated by a linear interpolation between the values of the parent
binary compounds [23, 52], which follows a Vegard-like law as a function of compo-
sition. However, a theoretical calculation from Bernardini and Fiorentini suggested a
nonlinearity of macroscopic polarization in nitride alloys [53], which was later demon-
strated by experimental results [54]. In this thesis, we use this approach for the calcula-
tion of the polarization. In general, the spontaneous polarization of a random ternary
nitride alloy AxB1−xN can be expressed as, in C/m2,
PSPAxB1−x N = xP
SP
AN + (1− x)PSPBN + bx(1− x) (2.10)
where b is the bowing parameter.
For the piezoelectric polarization, it was shown in Ref. [53] that Vegard’s law is still
applicable if the nonlinearity of the the bulk piezoelectric polarization of the compo-
nent binaries as a function of strain is taken into account. Then, for a generic AxB1−xN
alloy, the piezoelectric polarization reads:
PPZAxB1−x N = xP
PZ
AN[ε(x)] + (1− x)PPZBN[ε(x)] (2.11)
Note that the calculation of the piezoelectric polarization of the binary compounds for
symmetry-conserving in-plane biaxial strains using Eq. (2.8) no longer holds, where
the piezoelectric constants (e33) and (e31) are calculated in the equilibrium structure of
the binary and are, by definition, independent of strain. Instead, the strain-dependent
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Table 2.1: Lattice constants and spontaneous polarization of wurtzite group-III nitride semiconductors.
GaN InN AlN
ar (nm) 0.31876a 0.353715b 0.31120c
cr (nm) 0.51846a 0.570360b 0.49820c
PSP (C m−2)d −0.034 −0.042 −0.090
a Ref. [55];
b average value from Ref. [55] and Ref. [56];
c Ref. [57];
d Ref. [58];
bulk piezoelectric polarization PPZ(A,B)N(ε(x)) of the relevant group III-nitride binary
compounds is [54] ,
PPZAlN = −1.808ε‖ + 5.624ε2‖ f or ε < 0,
PPZAlN = −1.808ε‖ − 7.888ε2‖ f or ε > 0,
PPZGaN = −0.918ε‖ + 9.541ε2‖,
PPZInN = −1.373ε‖ + 7.559ε2‖
(2.12)
It should be pointed that the coefficients in Eq. (2.12) are related, but not equal to the
usual piezoelectric constants.
Material parameters In practice, the accurate interpretation of polarization effect us-
ing the abovementioned formulas strongly depends on the proper choice of materials
parameters, such as lattice constants and polarization coefficients. In addition, lattice
constants are also crucial for the precise determination of structural parameters by x-
ray diffraction, which is used routinely for the analysis of quantum well structures in
this work. The parameters chosen here are listed in Tab. 2.1.
2.3 Internal electrostatic fields due to electrical polarization
To give an example of the possible influence of polarization on the physical properties
of nitride-based heterostructures, the internal electrostatic field caused by polarization
within a Ga-face [0001]-oriented GaN/(In,Ga)N/GaN quantum well is calculated as
below. The InxGa1−xN alloy is assumed to be grown pseudomorphically on the GaN
barrier, ie., aInxGa1−x N = aGaN, while GaN is fully relaxed. According to Eq. (2.10), the
spontaneous polarization in the InxGa1−xN well is
PSPInxGa1−x N = −0.042x− 0.034(1− x) + 0.038x(1− x) C m
−2 (2.13)
Here, the values of spontaneous polarization for GaN and InN are taken from Ref. [58],
while the bowing parameter is chosen from Ref. [53,54]. In conjunction with Eq. (2.12),
Eq. (2.11) yields the piezoelectric polarization in the well,
PPZInxGa1−x N = xP
PZ
InN + (1− x)PPZGaN = (−1.982ε2 − 0.455ε)x− 0.918ε + 9.541ε C m−2
(2.14)
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Figure 2.2: Polarization (spontaneous, piezoelectric, total) of (a) a fully-strained InxGa1−xN layer and (b)
a fully-strained AlxGa1−xN layer on the relaxed GaN as a function of the In and Al content, respectively.









where a0 is the relaxed GaN lattice constant, as a thick GaN buffer is deposited first.
The total polarization reads:
P(InGaN) = PSPInGaN + P
PZ
InGaN (2.16)
The GaN barrier is assumed to be free of strain, therefore the piezoelectric polariza-
tion is equal to zero. The total polarization of the GaN simply equals its spontaneous
polarization, that is,
P(GaN) = PSPGaN = −0.034 C m−2 (2.17)
The difference in polarization of (In,Ga)N and GaN leads to a charge density at the
(In,Ga)N/GaN interfaces, σ :
±σ = PInGaN − PGaN C m−2 (2.18)
Once the interface charge density is known, it is convenient to insert an artificial
δ-doping layer at the interface as a result of the two-dimensional charges for self-





where e is the elementary charge.
For GaN/(Al,Ga)N heterostructures, the polarization charge can be obtained in an
analogous way.
The calculated spontaneous PSP, piezoelectric PPZ and total polarization P as well as
the interface charge density for both (In,Ga)N/GaN and GaN/(Al,Ga)N heterostruc-
tures are shown in Fig. 2.2 (a) and (b), respectively. Note that in (In,Ga)N/GaN het-
erostructures the polarization contribution from the piezoelectric polarization is dom-
inant, while the spontaneous polarization has more influence in GaN/(Al,Ga)N het-
erostructures. Furthermore, based on Eq. (2.19), the doping sheet density used, for
example, in self-consistent Schrödinger-Poisson calculations are plotted versus the In
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or Al fraction in Fig. 2.3 (a) and (b), respectively.
In the next paragraphs, the impact of the electrical polarization on [0001] and [1100]
oriented (In,Ga)N/GaN quantum wells will be discussed. The examples evidence that
the former exhibit strong internal electrostatic fields normal to the wells, while the
latter are free of such fields. For both cases, a 10-period In0.15Ga0.85N/GaN multi-
ple quantum wells structure pseudomorphically grown on either a GaN(0001) or a
GaN(1100) buffer layer is taken as an example. The wells are thus fully strained. The
well and barrier thickness are assumed to be 3 nm and 7 nm, respectively.
[0001]-oriented quantum wells In this structure, the growth direction is parallel to
the total polarization vector P. This polarization results in charges with alternating
sign which are built up at the interfaces, which in turn results in internal electrostatic
fields [Fig. 2.4 (a)]. The strength of these fields can be calculated in an analytical way
[59], which, however, is valid only under certain circumstances since it neglects free
carrier screening and the finite number of periods. Hence, a self-consistent solution is
required. In this work, a freeware program [60] is used to simultaneously solve the
Poisson and Schrödinger equations in an effective mass approximation. To give an
example, the background electron doping concentration is set to 1017 cm−3, according
to the Hall measurements on our typical undoped C-plane samples. The calculated
results are shown in Fig. 2.4. The electric field in the well is as large as 1.9 MV/cm. The
strong internal electrostatic fields within the layers cause a localization of the electron
and hole wavefunctions at both sides of the quantum well. This carrier separation has
two consequences. First, the interband transition energy red-shifts by more than 200
meV, compared with the flat-band condition with quantum confinement [cf. Fig. 2.5
(b)]. Second, the spatial separation of electron and hole wavefunctions reduces the
overlap between them and thus the transition probability. As a result, the radiative
decay time is prolonged due to the reduced oscillator strength for recombination. The
long life time of carriers increases the probability of carriers captured by nonradiative
centers. Furthermore, the quantum-confinement Stark effect and the spatial separation
of wavefunctions are more pronounced as the well thickness increases.




















































Figure 2.3: Calculated sheet carrier densities reflecting the two dimensional charges at interface due to
polarization fields: (a) a fully-strained InxGa1−xN layer and (b) a fully-strained AlxGa1−xN layer on the









































Figure 2.4: (a) Scheme of influence of electrical polarization on a 10-period (3 nm In0.15Ga0.85N)/(7 nm
GaN) MQW pseudomorphically grown on a GaN(0001) buffer. The changes in total polarization of the
individual layers lead to interface charges, which further result in strong internal electrostatic fields. (b)
Calculated band profile, energy state, and electron-hole wavefunctions of this structure. Note the spatial
separation of electron-hole wavefunctions. CB and VB denote the conduction band and valence band,
respectively.
[1100]-oriented quantum wells In contrast to the C-plane structure mentioned
above, the growth direction of the M-plane structures is normal to the direction of the
total polarization. Therefore, there is no change in the polarization component along
the growth direction and no charge accumulation at the interfaces, as shown in Fig. 2.5
(a). A flat-band condition in principle exists in such oriented heterostructures.
Obviously, the emission energy from quantum wells is solely determined by quantum
confinement. The overlap of electron-hole wavefunctions is close to unity, which en-
hances the recombination efficiency. The subjective of this work is to grow and study



































Figure 2.5: (a) Influence of electrical polarization on a 10-period (3 nm In0.15Ga0.85N)/(7 nm GaN) MQW
pseudomorphically grown on a GaN(1100) buffer. The scheme of one period (a) and calculated band




This chapter first gives a brief description of the crystal structure of γ-LiAlO2, used as
substrate in this study. Then its preparation for growth is discussed. Selected proper-
ties of LiAlO2 wafers related to the epilayers are pointed out.
3.1 Properties of γ-LiAlO2
Crystal structure γ-LiAlO2 (LAO) has a tetragonal structure with lattice constants
a=b= 0.51687 nm and c= 0.62679 nm and belongs to the space group P41212 [61].
The LAO(100) plane exhibits a comparatively small lattice mismatch to GaN(1100) (the
M-plane), namely, [0001]GaN‖[010]LAO ∼0.3% and [1120]GaN‖[001]LAO ∼1.7%, while
conventional substrates used for epitaxy of GaN have much larger lattice mismatch
(cf. Table 3.1). Most interestingly, as we dicussed in Chapter 2, the [1100]-oriented
GaN thus grown on γ-LiAlO2(100) can prove advantages for improving the internal
quantum eifficiency of light-emitting devices, as it is free of eletrostatic fields along the
growth direction. In addition, LAO can be selectively etched with respect to the GaN
epilayers, allowing the fabrication of on-chip LEDs.
Figure 3.1 schematically displays the top view for LAO(100), and SiC(0001) as well
for comparison. The previous report of GaN(0001) on LAO(100) [62] might be the
consequence of the near-hexagonal symmetry on the substrate surface, as indicated
by the dark shaded areas in Fig. 3.1 (a), probably due to the improper nucleation (cf .
section 4.1). From the energetics point of view [63], GaN(1100) on LAO(100) is more


















Figure 3.1: Unit cells and ball-and-stick models for the growth of GaN on γ-LiAlO2(100) (a) and
SiC(0001) (b). The light and dark shaded areas represent nucleation sites for GaN(1100) and GaN(0001).
Modified from Ref [64].
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Table 3.1: Properties of substrates used for GaN. a, f, and α denote the effective in-plane lattice constant,
the in-plane lattice mismatch, and the in-plane thermal expansion coefficient, respectively. The price
corresponds to a 2-inch wafer (US$).
Substrate Symmetry a (Å) f(%) α (10−6)K−1 price
γ-LiAlO2(100) tetragonal 5.1687/6.2679 -0.3/-1.7 7.5 500
Al2O3(0001) hexagonal 4.758 −14 7.5 150
6H-SiC(0001) wurtzite 3.08123 −3.3 3.2 1000
4H-SiC(0001) wurtzite 3.07902 −3.4 3.2 1000
Si(111) cubic 3.8396 +20.4 3.59 20
GaN(0001) hexagonal 3.1876 0 5.59 −
Properties list To select a suitable substrate, several issues concerning its proper-
ties must be considered, for example, lattice matching, thermal matching, price and
processing issues. Table 3.1 lists properties of substrates currently used for group III
nitride epitaxy. Currently, commercial group III-nitride based devices use either sap-
phire or SiC as substrates. The most fascinating property of GaN(1100) is the absence
of internal electrostatic field normal to the surface, which makes the growth of GaN on
LiAlO2 interesting for both research and device fabrication.
Disadvantage Despite the potential merits of LAO as substrate for GaN as men-
tioned above, it also possesses a number of drawbacks which one should bear in mind.
For instance, LAO is inhomogeneously etched by a variety of acids [65], making chem-
ical polishing an intricate task. Worse, LAO is hydrolytic [66], and care must be taken
to limit the exposure to H2O to a brief dip. Furthermore, LAO is thermally much
less stable than, for example, Al2O3 or SiC, despite its high melting point of about
1700◦C [67]. Lee et al. [68] pointed out that the dissociation of LAO at the typical metal
organic chemical vapor deposition (MOCVD) growth temperature of ∼1040◦C might
restrict its use to the MBE technique and indeed the incongruent evaporation of Li2O
occurs at high temperature [69]. However, we did not observe the potential dissocia-
tion of this material below 1300◦C in vacuum, as seen in the following paragraphs.
LiAlO2 dissociation The thermal dissociation of LiAlO2 is expected to occur accord-
ing to the following reactions: [69]
2LiAlO2(s,l) → Li2O(g) + Al2O3(s),




Al2O3(s) → Al2O(g) + O2(g),





Note that the melting points for LiAlO2, Li2O and Al2O3 are 1700◦C [67], 1570◦C, and
2054◦C, respectively. The dominant partial pressure at and below 1700◦C was found
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Figure 3.2: Mass spectra of LiAlO2 heated to 380◦C (a) and 1200◦C (b), respectively.
to be from Li2O with mass 30 [69].
0.1 cm−3 γ-LiAlO2 was filled into an effusion cell, which was then mounted in a bake-
out system with a base pressure 1×10−8 torr. The LiAlO2 was outgassed at 300◦C for
2 hours. The effusion cell was then heated slowly up to 1324◦C. A quadrapole mass
spectroscope was used for detection. A series of mass spectra at various temperatures
was recorded. Figure 3.2 (a) and (b) show the spectra at 380◦C and 1200◦C, respectively.
The peak at Mass 30 is clearly observed, however, even before introducing LiAlO2, and
thus presumably related to NO. This peak rises when the temperature increases, while
other peaks in the spectra also go up, which can be featured in Fig. 3.3. Mass 12 is
chosen as a reference, because C is a common residual element in the high vacuum
chamber. The similar temperature evolution for Mass 30 and 12 indicates a normal
chamber outgassing process. Significant LiAlO2 dissociation is not observed. This
suggests that the decomposition of LiAlO2 below 1324◦C is indeed insignificant, in
contrast to the conclusion of Lee et al. [68].



















Figure 3.3: The intensity of Mass 30 and 12 in mass spectra as a function of temperature of the effusion
cell.
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Figure 3.4: 5×5 µm2 AFM micrographs of a typical AE γ-LiAlO2(100) substrate, side A (a) and the
opposite side B (b), a NP one from side A (c) and side B (d).
3.2 γ-LiAlO2(100) substrates
The γ-LiAlO2 substrates used in this study were grown by Czochralski method at the
Institut für Kristallzüchtung and chemo-mechanially polished by a commercial ven-
dor1.
Surface morphology It is clear that the surface quality of substrate has decisive in-
fluence on the epilayer. The surface morphology of LiAlO2 is checked by atomic force
spectroscopy (AFM). We use a Park Scientific Instruments AFM system operating in
contact mode. Figure 3.4 (a) and (b) shows both sides of the surface morphology of
a typical long-term air-exposed (AE) LAO(100) substrate, while Fig. 3.4 (c) and (d)
present a LAO substrate kept in an inert atmosphere (N2) before mounting. Here-
after we call such a substrate N2-protected (NP) LAO. The surface of AE LAO(100)
appears still quite smooth as indicated from the peak-to-valley (P/V) roughness of
less than 5 nm and an RMS roughness of 0.36 and 0.67 nm for face A and B, respec-
tively. However, a periodic trench pattern is clearly observed on both sides. The
stripes run along the [001] direction. In contrast, NP LAO substrates do not exhibit
this pattern. Side A of a typical NP LAO substrates has featureless areas among ran-
dom distributed submicrometer-scale hillocks. The P/V roughness and RMS rough-
ness of those smooth regions have values of 1.6 nm and 0.12 nm, respectively, across
a 3×3 µm2 area, indicating a high surface quality. In contrast, side B of a typical NP
LAO substrate exhibit a high density of shallow depression, as shown in Fig. 3.4 (d).
Note that for both AE and NP LAO substrates, side A and B can be distinguished by
1CrysTec GmbH Kristalltechnologie, Köpenicker Str. 325, D-12555 Berlin, Germany
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chemical etching, as side A is more resistive to the acid than side B. Furthermore, pure
M-plane epilayers are preferentially grown on side A (see section 3.3).
Although the origin of a trench pattern on the AE LAO surface is unclear yet and still
under investigation, we believe that it might be the result of the substrate’s reaction
to air, since we do not observe this pattern from the NP substrates. Under exposure
to water vapor and carbon dioxide at 25◦C, γ-LAO was found to react with both H2O
and CO2 to produce the complex resultants [66].
4LiAlO2 + 9H2O + 2CO2 → Li2Al4(CO3)(OH)12 · 3H2O + Li2CO3
It should be pointed that this reaction might occur via a multistep mechanism involv-
ing amorphous intermediates [66]. However, examination by time-of-flight secondary-
ion mass spectroscopy (TOF-SIMS) and x-ray photoelectron spectroscopy (XPS) did not
reveal any evidence for the existence of other compounds on the surface of either type
of substrates. There is also no composition difference between AE and NP substrates.
Therefore, the change of surface morphologies of our substrates might be a low-angle
faceting process with time, promoted by an as yet unknown chemical reaction.
Nevertheless, it is evident the surface quality of LiAlO2 is inferior, compared with the
typical state-of-the-art polished SiC or Al2O3 substrates. Further improvement of the
surface morphology of LiAlO2 substrate would be highly desirable.
The influence of AE and NP LAO substrates on the epilayers’ properties is studied in
this work. It is demonstrated that except for the surface morphology, all other prop-
erties are virtually identical for layers grown on either substrate. In fact, the epilayers
grown on NP LAO substrate have better surface morphology than their counterpart
on AE LAO (see section 4.2). The dominant micro-defects in layers grown on either
type of substrate are basal plane stacking faults. Furthermore, the optical properties
are essentially identical [see section 5.1]. The comparison of fundamental properties of
GaN(1100) grown on such two kinds of LAO substrates is presented in the Chapter 4
and Chapter 5, while LAO substrates involved in other chapters refer to NP ones, if
not specified.
Substrate preparation Substrate preparation should deserve the most attention, in
order to obtain reproducible high-quality epilayer. Usually, a chemical preparation be-
fore loading into the growth reactor is performed. In the MOCVD technique, sapphire
is commonly treated by a flux of H2 prior to deposit of a low-temperature buffer. For
SiC substrates, a dramatic improvement of the surface quality is attained after anneal-
ing the wafers to about 1600◦C in flowing H2 [70]. Etched SiC wafers exhibit a well-
ordered stepped surface. Since LAO is attacked by various acids and even water, and
the well-established cleaning process for other substrates used for GaN growth is obvi-
ously not applicable for this case. In fact, we have not yet found any effective method,
such as thermal or chemical etching to improve the surface morphology of the as-
received LAO, especially considering the periodic pattern on the AE LAO substrates.
The as-received substrates were thus only degreased sequentially in trichloroethylene
(10 min), acetone (5 min) and methanol (5 min) in an ultrasonic bath. Finally, the sub-
strate was dipped briefly (30 − 60 s) in deionized water (DI H2O). The LAO substrate
was then fixed with In onto a Si substrate clipped to a Mo holder. Prior to growth,
the substrate was outgassed in the load-lock chamber for 1 hour at 200–300◦C. During
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mounting and loading, the substrate surface is again exposed to air and thus recon-
taminated. Although outgassing procedure can remove a part of these contaminants,
especially water, it would be desirable to have a method for further substrate clean-
ing inside the MBE system. For SiC(0001), Kaplan proposed that Ga polishing can be
a good way for removing O related contaminants [71], which was later confirmed by
Strite et al. [72]. The procedure is to deposit Ga on the surface where it reacts with
contaminants to form a volatile compound, e.g., Ga2O. An annealing step up to 750◦C
can desorb these products and extra Ga remaining on the surface. Analogously, such a
Ga treatment was adopted for LAO substrates. However, neither the in situ reflection
high-energy electron diffraction (RHEED) pattern after this polishing procedure nor
the ex situ characterization of epifilms shows any improvement.
3.3 Polarity
Considering the polar nature of LAO(100), we first investigate the influence of its po-
larity on the growth of M-plane GaN.
Chemical etching While we cannot yet provide a microscopic identification of the
two polarities, it is at this stage perhaps more important to be able to phenomenologi-
cally distinguish them by simple chemical etching. Figure 3.5 shows the surface mor-
phology of either face after a 30 min exposure to HCl(32%) at 60◦C, recorded by a Zeiss
interference contrast microscope. The most obvious feature in both these micrographs
are rhomboidal etch pits which we believe to occur at locations where dislocations in
LAO intersect the surface. The elongated side of the etch pits is along [010] direction.
Indeed, the distinct linear arrangement of these etch pits was attributed to subgrain
boundaries formed by dislocations [73]. More important, however, is the fact that in
between these etch pits the surface of face A remains relatively smooth, whereas face B
becomes clearly corrugated. Note, however, that a longer treatment or higher temper-
atures tend to obscure this difference due to the resulting excessive roughening of both
faces. Note that the impact of this chemical treatment on LAO is the same for both AE
and NP LiAlO2.
50 m 50 m
(a) (b)
Figure 3.5: Interference contrast micrographs of the surface of side A (a) and side B (b) of LAO(100)
exposed to HCl(32%) at 60◦C for 30 min.
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Figure 3.6: Peak-to-valley roughness over 10×10 µm2 as a function of exposure time to H2O of two
sides of a LAO substrate.
Hydrolysis A further means of distinction arises from the vastly different hydrolytic
properties of the two faces. Figure 3.6 presents the P/V values of both faces as a func-
tion of time when the substrate has been immersed in DI-H2O. Both faces becomes
rougher with time, but evidently the reaction of face B is far stronger than that of side
A. Note that this roughening is not as readily visible as that discussed above. The in-
crease in roughness after a short time immersion in water is easily measured by AFM,
but difficult to distinguish by an optical microscope. Exposure to water for a long time,
for example 30 min, makes both sides severely rough, which is even observable under
the optical microscope. The transparent substrate even gradually becomes milky for
long immersion times. Such a serious reaction with water indicates that care must be
taken to limit the exposure of LAO to H2O during the substrate preparation, which
however raises the risk of introducing contamination, e.g. C, into the growth chamber
due to residue of organic solvents.
























Figure 3.8: Typical RHEED patterns of a γ-LiAlO2(100) substrate, recorded along the [010] (a) and [001]
(b) azimuths.
Epilayer The influence of polarity of the substrate on the epi-film are checked by
growth on two opposite sides of LAO(100) substrate. Figure 3.7 shows triple-crystal ω-
2θ scans for two films grown on each face under the same conditions. In both profiles,
the peaks located at 2θ = 34.682◦ and ∼32.254◦ are due to the LAO(200) and GaN(1100)
reflections, respectively. The film grown on face B exhibits an additional weak peak in
the left vicinity of the LAO(200) diffraction peak, namely, at 34.5◦. Although this angu-
lar position coincides with those of either wurtzite GaN(0002) or cubic GaN(111), the
RHEED pattern of this sample shows additional reflections stemming from GaN(0001).
However, no such peak is detected on the film grown on face A, indicating a high phase
purity of this film. In fact, pure M-plane GaN epilayers can be reproducibly synthe-
sized on face A if the nucleation conditions are appropriately chosen (see section 4.1).
Because of this finding, we will concentrate in the following on layers grown on face
A.
3.4 Growth on γ-LiAlO2(100)
RHEED of γ-LiAlO2(100) At room temperature, no RHEED pattern is observed from
the substrates due to surface charging, because they are electrically insulating at low
temperatures. When the substrate temperature is increased above 400◦C, however,
a streaky but diffuse (1×1) pattern appears, as seen in Fig. 3.8. Patterns originating
from other phases, e.g. α-and β-LiAlO2, are not detected. Furthermore, there is no
difference of the RHEED patterns of AE and NP LAO substrates. This is consistent
with the results of TOF-SIMS and XPS.
In-plane orientation relationship In section 3.3, it is noted that high-resolution ω-2θ
scan can indicate the out-off-plane orientation relationship between the LAO substrate
and GaN epilayer. To confirm the expected in-plane azimuthal correlativity as men-
tioned at beginning of this chapter, selected area electron diffraction (SAD) technique,
for example, is presented here. Figure 3.9 (a) and (b) show SAD patterns along GaN
[0001] and [1120] direction, respectively. Obviously, the GaN film grows epitaxially
on the substrate with the expected orientation relationship, i.e., [0001]GaN‖[010]LAO
and [1120]GaN‖[001]LAO. The coincidence of the diffraction spots from the epilayer
and substrate in both figures evidences the small lattice mismatch along these two az-
imuths. In addition, the elongated GaN spots in Fig. 3.9 (b) along the [0001] direction
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reveal that there are high-density planar defects lying in the basal plane of GaN, which
are indeed demonstrated to be stacking faults (see section 5.1).
Figure 3.9: SAD pattern along [0001]GaN or [010]LAO (a) and [1120]GaN or [001]LAO. α and γ denote the
wurtzite GaN film and the γ-LiAlO2 substrate, respectively. The unit meshes of the epilayer and the
substrate are indicated by the solid and dash lines, respectively.
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4 Optimization of heteroepitaxy of GaN films on
γ-LiAlO2(100)
Despite the potential advantages mentioned in Chapter 3, LiAlO2 has been rarely used
as a substrate for GaN growth. Hellman et al. [62] first attempted GaN growth on
this substrate, but the films turned out to be [0001]-oriented, instead of the postulate
orientation (i.e. [1100]). Later, Waltereit et al. reported the synthesis of M-plane GaN
[33], which greatly attracted attention on nonpolar wurtzite group-III nitrides [34, 35,
36,39,44]. However, systematic knowledge of optimizing the growth of these nonpolar
GaN epilayers is still lacking. This chapter just focuses on this issue for M-plane GaN.
First, the impact of nucleation conditions on the structural and morphological qualities
of M-plane GaN films is investigated. Optimum growth conditions are empirically
established. Then a comprehensive study on Ga adsorption and desorption kinetics is
presented.
4.1 Impact of nucleation conditions on phase purity and structural
quality
Nucleation is generally believed to be the most critical step for obtaining high-quality
C-plane GaN layers [74, 75, 76]. This is thought to be also applicable for the growth of
M-plane films.
4.1.1 Growth and characterization techniques
Growth Growth was carried out in a custom-designed, solid-source three-chamber
MBE system equipped with a water-cooled rf plasma source (EPI) to provide atomic
nitrogen. The N source is operating at a plasma power of 250–500 W with a N2-
flow of 0.3–0.4 sccm, yielding a GaN growth rate of 0.25–0.4 µm/h. The base pres-
sure in the growth chamber is held below 10−10 Torr by an ion-getter pump and a Ti-
sublimation pump. During growth, the chamber is cryo-pumped and has a pressure
around 1.5×10−5 Torr for a typical N2 flow of 0.3 sccm. The growth front is monitored
in situ by reflection high-energy electron diffraction (RHEED) using a 20 kV electron
gun. The diffraction pattern is recorded using a CCD camera.
RHEED First of all, it should be stressed that MBE offers an excellent tool for de-
termining the phase purity of the layers in real time, namely, by RHEED. During nu-
cleation, a spotty pattern appears which already allows a judgment of the success of
the nucleation procedure, since the symmetries of M- and C-plane GaN are distinctly
different. Further growth at Ga-stable conditions yields a streaky RHEED pattern, re-
flecting the progressive smoothening of the surface. Phase mixture manifests itself
in the occurrence of additional reflections (typically spots), which are readily distin-
guishable from the ”clean”M-plane pattern as shown in Fig. 4.9 later in this section. In
addition, RHEED patterns also can tell the in-plane orientation relationship between
epilayer and substrate.
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XRD Conventionally high-resolution x-ray diffraction (XRD) provides an ex situ non-
destructive tool to check the relationship of corresponding out-off-plane orientations
between the epilayer and the substrate underneath, and simultaneously the phase pu-
rity, at least at the angular resolution and detection limit of the diffractometer. Here-
after, the samples’ phase purity and the surface orientation are checked by XRD. All
symmetric ω scans (x-ray rocking curve or XRC) were recorded with a Philips double-
crystal diffractometer with wide open detector which has an acceptance angle of ∼3o,
while symmetric ω-2θ scans were taken with a Bede D3 four-circle high-resolution
triple-crystal diffractometer with a Si(111) analyzer, having to an angular resolution of
11 arcsec. For thin layers, namely less than 250 nm, instead of the analyzer, two 500
µm slits were put in front of the detector, with an angular resolution of 300 arcsec, in
order to obtain sufficient intensity. Off-axis ω-scans were recorded in skew geometry,
where the goniometer is rotated by an appropriate angle χ such that ω = θ. Both
diffractometers are equipped with a Bartels-type Ge(022) monochromator and utilize
Cu Kα1 radiation with a wavelength of 0.1540562 nm.
4.1.2 Various nucleation conditions
The nucleation regime can be divided into three groups, namely, insertion of an AlN
buffer, nitridation prior to growth, and direct deposition. The growth of AlN buffer
was initiated at 580◦C under different stoichiometry. Then, the growth of GaN was
performed under slightly Ga-rich conditions at high temperature. Nitridation was car-
ried out by exposing the substrate to the N plasma at 350 W and 660◦C for 40 min.
Subsequent nucleation was executed under either N-rich or Ga-rich conditions. The
initial stage of direct deposition of GaN (nucleation) was performed at various tem-
peratures and under different stoichiometry. In all cases, the nucleation temperature
TN can be divided into four regimes: high (740◦C, actually the growth temperature
TG) , intermediate (660◦C), low (580◦C) and very low (510◦C). The thickness of the
AlN buffer or the GaN nucleation layers at very low, low and intermediate TN was
Table 4.1: Nucleation conditions for the samples investigated. The table provides information whether
nitridation was employed (yes X/no −), as well as about the stoichiometry (N-rich/Al- or Ga-rich) and
temperature (low/medium/high) during nucleation. We furthermore indicate the phase purity of the
layers (M: M-plane, C: C-plane) as well as the rms roughness obtained by AFM over 5×5 µm2. All films
listed have a thickness of 500–600 nm except for sample I, which is 1.5 µm thick.
Sample AlN buffer Nitridation Stoichiometry TN (◦C) Phases rms (nm)
A X − N 580 C ...
B X − Al 580 C ...
C − X N 660 M/C 80
D − X Ga 660 M/C 15
E − − N 660 C/M 38
F − − Ga 740 M 23
G − − Ga 660 M 7.5
H − − Ga 580 M 2.9
I − − Ga 580 M 1.7
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Figure 4.1: XRCs of two 200 nm thick AlN layers grown on LAO(100) at 580◦C under either Al- or N-rich
conditions. The dashed line indicates the potential position for the M-plane AlN.
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Figure 4.2: ω-2θ triple-crystal scans of sample C along [0001] (a) and [1120] (b) directions. The corre-
sponding rocking curves are shown in the respective inset.
about 100 nm. For all samples, the growth temperature TG of 740◦C was kept constant
during the subsequent growth and the stoichiometry was set to slightly Ga-rich. For
clarity, the typical samples discussed in the following paragraphs are summarized in
Table 4.1, including the respective nucleation conditions, phase purities, and surface
morphologies.
AlN buffer It is occasionally claimed that the use of an AlN nucleation layer has a
positive impact on the properties of C-plane GaN grown on it [77, 78]. Intuitively we
first considered whether it also benefits the growth of M-plane films. As seen from
Tab. 4.1, the samples grown under either Al-rich or N-rich conditions however lead to
a predominant C-plane structure. To investigate the origin of this effect, one 200 nm
thick AlN layer deposited at the same temperature as the buffer used in sample A and
B were grown and measured by XRD with two slits in front of the detector. Figure 4.1
clearly shows that the AlN layers are [0001]-oriented, while no peak pertinent to the
M-plane orientation is detected. AlN nucleation layers (at least with our nucleation
conditions) are thus clearly detrimental for the growth of M-plane GaN layers.
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Nitridation Considering that nitridation of Al2O3 substrates prior to nucleation is
well established to improve the crystal quality of the subsequent GaN film by the for-
mation of an AlN template [79, 80, 81, 82], we have studied the nitridation of LAO as a
potential means to improve epitaxial growth also in this case.
Figure 4.2 (a) and (b) show the XRD profiles of sample C with the incidence plane
parallel to the [0001] and [1120] azimuth, respectively. The profiles exhibit both the
M- and the C-plane reflection, however with different proportions. Considering the
line focus of the x-ray beam (a ∼ 2 × 0.1 cm2 rectangle oriented perpendicular to the
incidence plane), we conclude that the C-plane phase is distributed preferentially along
the [1120] direction. In fact, scanning electron microscopy of this sample (not shown
here) reveals that hexagonal crystallites with diameters ranging from 100 nm to 500
nm accumulate and aligned along [1120]. The full-width-at-half-maximum (FWHM)
of the corresponding rocking curve as shown in the respective inset are comparable, in
contrast to the case shown next. Figure 4.3 shows XRD profiles of sample D along the
two orthogonal azimuths. In contrast to sample C, the triple-crystal ω-2θ scans indicate
a more or less isotropic distribution of the C-plane phase in this film. However, it is
interesting that the FWHM of the rocking curve with the incidence plane along [1120]
is more than twice as broad as that perpendicular to it. This anisotropic broadening
might result from an anisotropic coherence length, although its actual microstructural
origin is not clear yet. It should be noted that ω-scans are insensitive to the phase
purity, as this case clearly shows.
N-rich nucleation Though N-stable growth has been established to be disadvanta-
geous for the PAMBE growth of C-plane GaN epilayers on either Al2O3 [83], SiC [84],
or GaN [85], particularly concerning the surface morphology, it is not clear whether
this condition is unfavorable for M-plane films too. Figure 4.4 shows a high-resolution
ω-2θ profile as well as a XRC of sample E. Even when considering that the structure
factor of the (1100) reflection is about three times smaller than that of the (0001) re-
flection, these profiles indicate that the film consists predominantly of C-plane GaN.
The ω-2θ profile obtained along the [1120] direction is virtually identical and thus not
shown here.
Finally, we note that all samples discussed above are quite rough, as can be seen by the
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Figure 4.3: ω-2θ triple-crystal scans of sample D along [0001] (a) and [1120] (b) directions. The corre-
sponding rocking curves are shown in the respective inset.
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Figure 4.4: ω-2θ triple-crystal scan of sample E along [0001] direction. The rocking curves are shown in
the respective inset.
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Figure 4.5: ω-2θ triple-crystal scan of sample F (a), sample G (b), sample H (c) and sample I (d) along
[1120] direction. The insets are their XRCs along the same direction.
values for the rms roughness listed in Tab. 4.1.
Ga-rich nucleation Since apparently neither the insertion of an AlN buffer, nor a
nitridation step prior to nucleation, nor N-rich nucleation results in satisfactory film
qualities, we now turn to immediate nucleation under Ga-stable conditions. We focus
on four typical samples, (F, G, H, and I), three of which were nucleated at different
temperatures (high, medium, and low, respectively) while sample I was grown un-
der identical conditions as sample H but is thicker (cf. Tab. 4.1). Figure 4.5 exhibits
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the XRD profiles of samples F–I. In contrast to the samples discussed above, none of
the present samples exhibits any significant anisotropy in mosaicity or phase purity,
for which we show scans along [1120] only. Obviously, all samples are pure M-plane
films, without any detectable C-plane admixture. The mosaicity of the films tends to
decrease with decreasing nucleation temperature. This reduction of the linewidth of
symmetrical rocking curves is most likely related to a reduced density of structural
defects. In fact, the density of stacking faults, which are the dominant structural de-
fects in our M-plane layers, reduces dramatically when the nucleation temperature is
reduced (see section 5.1). The reduction of mosaicity with the thickness of the layer is
apparently not as pronounced, as can be seen from comparing the linewidths obtained
for sample H (860 arcsec) with that of its thicker counterpart, sample I (720 arcsec).
These values indicate a comparatively high structural quality when compared to the
available results reported in the literature. For example, Kuokstis et al. [37] recently
reported a value of 1200 arcsec for 350-µm-thick M-plane GaN quasi-substrates grown
by hydride vapor epitaxy. It should be also noted that the smallest FWHM of the sym-
metric rocking curve of only 270 arcsec obtained so far is from our Mg-doped M-plane
GaN nucleated at 580◦C (see section 7.1).
It should also be pointed that although the surface morphology of M-plane epilayers
grown under the same conditions as sample H on the NP LAO substrates are greatly
improved, (cf. section 4.2) their FWHMs of XRCs range from 750 arcsec to 950 arcsec
and do not seem different from its counterpart on the AE LAO substrates. Appar-
ently, the defect densities reflected by the XRC width have no direct correlation with
the surface roughness. As we see earlier (cf. Fig. 4.1), a direct AlN nucleation leads
to [0001]-oriented films on LAO(100). It is interesting to examine the possibility of
growth of pure M-plane AlN films by the insertion of a low-temperature GaN buffer
layer. As an example, one AlN layer is taken into account. First the ∼200 nm-thick
GaN buffer was deposited with the nucleation temperature of 580◦C and under Ga-
rich conditions. Then, the 200 nm-thick AlN was grown at 740◦C with a rate of 150
nm/h. The in situ RHEED pattern indicates that during the whole growth run, the sur-
face is (1100) plane. This finding is confirmed by XRD, as shown in Fig. 4.6. Evidently,
M-plane GaN buffers allow the realization of M-plane AlN films on top.


















Figure 4.6: ω-2θ scan of a 200 nm thick AlN layer deposited on a 200 nm thick GaN buffer, which is
grown on LAO(100). The dotted line indicates the potential position for C-plane AlN.
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4.1.3 Mosaicity
The broadening of XRC of heteroepitaxial layers grown on lattice mismatched sub-
strates is mainly determined by its mosaicity. The mosaicity is composed of the out-of-
plane rotation (tilt), the in-plane rotation (twist), and the lateral (L‖) and vertical cor-
relation length (L⊥) of the mosaic blocks. In C-plane GaN, several studies have been
carried out to determine these parameters separately by XRD [86, 87, 88, 89, 90]. How-
ever, similar work has not yet been performed for GaN with other orientations, such
as M-plane GaN. A preliminary investigation on this issue is given in the following.
Williamson-Hall plots As we see early, the FWHMs of symmetrical XRCs along two
orthogonal directions are always different in our M-plane films. Usually the scan along
the [0001] direction is broader than that along the [1120] direction. The broadening of
ω-scans of the symmetrical reflections is influenced by the tilt (out-of-plane mosaic
spread) and the finite lateral correlation length (L‖). These two contributions can be
separated by Williamson-Hall plots [91, 86]. On the other hand, the broadening of ω-
2θ scans of these reflections is caused by the finite vertical correlation length (L⊥) and
the heterogeneous strain along the growth direction (ε⊥). Figure 4.7 shows Williamson-
Hall plots for a M-plane GaN with a thickness of 500 nm grown under the same con-
ditions as sample H. Note that the XRD scans are performed with the incidence plane
parallel and perpendicular to the c-axis. The FWHMs of the (1100) reflection along the
[0001] and [1120] directions are 1500 and 1230 arcsec, respectively. Deduced from the
slope and y-intersection of these plots, the tilt and the lateral correlation length (L‖)
are obtained as 0.382◦ (0.332◦) and 0.28 µm (3.56 µm) parallel to (perpendicular to) the
[0001] direction, respectively. The analysis of Fig. 4.7 (b) turns out that the vertical lat-
eral correlation length is close to the thickness of the sample and ε⊥ is about 1.2×10−3.
It is not surprising that the lateral correlation length along the c-axis is much smaller
than that perpendicular to the c-axis, since a high density of basal plane stack faults
are present in this M-plane material (cf. section 5.1). As no perfect screw dislocation is
found from TEM in this material, the large tilt angle (∼0.3◦) usually found in M-plane
GaN films must originate from partial dislocations with Burgers vectors having [0001]
components.
It is also noted that the anisotropic broadening in sample D (see Fig. 4.3) is unusual, as
the XRC perpendicular to the c-axis is much broader. Its actual microstructural origin
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Figure 4.7: Williamson-Hall plots of one 500 nm M-plane GaN film. The straight lines are linear fitting.
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Figure 4.8: Rocking curves across the asymmetric (2203) reflection of samples G and H, recorded ac-
cording a skew geometry.
is unclear at present, but might be related to the distribution of C-plane inclusions
present in this sample.
Asymmetric reflection To obtain a more complete picture of the structural quality
of our M-plane GaN films, we have also measured rocking curves across the asym-
metric (2203) reflection with an inclination angle of 38.614◦ as shown in Fig. 4.8. This
reflection is similar in asymmetry as the commonly used (1012) reflection in the case
of C-plane GaN and thus has a similar degree of sensitivity to in-plane mosaicity. The
value of about 1200 arcsec obtained here suggest that the structural quality of our M-
plane layers is quite comparable to that of C-plane GaN grown by MBE [89]. However,
care must be taken when comparing these values. While the relation between the out-
of-plane and in-plane orientational spread and threading screw-type and edge-type
dislocations, respectively, is well established in C-plane films [86], the situation is less
clear in M-plane films because of their distinctly different microstructure (cf . section
5.1).
4.2 Influence of nucleation temperatures on surface morphology
RHEED Figure 4.9 show the typical RHEED patterns for a 500 nm GaN film grown
under the same conditions as sample H. Note that these patterns are recorded after
growth of about 300 nm along four different azimuths. Both the angles and the spac-
ings observed agree with those expected for the four major azimuths of the GaN(1100)
surface, namely the [1120], [2243], [1123], and [0001] directions shown in Fig. 4.9
(e) [92]. The streaky patterns indicate a smooth surface.
AFM The surface morphologies of several M-plane GaN films grown under the same
conditions as sample H are shown in Fig. 4.10. Both samples H and I are grown on
AE LAO substrate, while sample J is grown on NP LAO substrate. Samples H and I
exhibit a highly periodic stripe-like pattern, while sample J shows a similar pattern, but











Figure 4.9: RHEED patterns of a GaN(1100) film of 500 nm thickness, recorded along the [1120] (a),
[2243] (b), [1123] (c), and [0001] (d) azimuths. (e) shows a sketch of the unit meshes on the (1100) surface
with the corresponding directions.
and I. The orientation of these stripes, investigated by Raman scattering, is found to be
along 〈1120〉, i. e., perpendicular to the c-axis. Since the orientation-relationship of M-
plane GaN and LAO is [1120]GaN‖[001]LAO, the micrometer-scale trenches on samples
H and I run along the same direction as those observed on the AE LAO substrate
(cf. Fig. 3.4 (a)). It thus appears that the morphology of GaN films grown on AE LAO
basically replicates that of the substrate.
Roughness vs. TN The P/V and rms roughness of samples are plotted vs. nucleation
temperature in Fig. 4.11. For comparison, two sets of samples grown on either AE or
NP LAO substrates are shown. Several conclusions can be drawn from these two plots.
(i) Obviously, the impact of TN on the surface roughness is dramatic. Films grown at
low nucleation temperature are significantly smoother than those grown at high nu-
cleation temperature. In both cases, the nucleation temperature at 580◦C is apparently
the optimum one. In addition, it also should be noted that the samples nucleated at
very low temperature, i.e., 510◦C, do not show a further improvement concerning the
surface morphology, but are rougher than those nucleated at 580◦C. Furthermore, the
optimum nucleation temperature with regard to the surface morphology turns out to









Figure 4.10: 5×5 µm2 AFM micrographs of the surfaces of three typical M-plane GaN films nucleated
at 580◦C: (a) the 600 nm thick sample H and (b) the 1.5 µm thick sample I are grown on AE LAO, while
(c) the 600 nm thick sample J on NP LAO is grown under identical conditions.
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Figure 4.11: P/V (solid symbols) and rms (open symbols) roughness over an area of 5×5 µm2 as a
function of the nucleation temperature. Samples are grown either AE LAO (a) or NP LAO substrates.
Circles, squares and triangles represent the films with thicknesses of 500–600 nm, 1.5 µm, and 1.8 µm,
respectively.
(ii) In general, the samples grown on NP LAO substrates are smoother than their cor-
responding ones grown on AE LAO substrates. This obviously reflects the difference
of these two types of substrates with their different surface morphology.
(iii) The best value grown on AE LAO substrates as seen in Fig. 4.11 (a) is 5 nm and
0.8 nm for the P/V roughnesses and the rms roughnesses, respectively. It should be
pointed out that these smoothest samples are 1.8 µm thick. On the other hand, 600 nm-
thick films grown on NP LAO substrates reach a P/V roughness of 6.6 nm and rms
roughness of 0.75 nm, which are comparable with the best value as seen in Fig. 4.11
(a). It evidences the significant influence of the substrate’s surface morphology on the
epilayer surface quality.
Chen et al. [38] recently reported an rms roughness of 0.7 nm over 2×2 µm2 for a 4-µm-
thick homoepitaxial M-plane GaN layer grown by metal-organic vapor phase epitaxy.
This compares to 0.6 nm for the best samples in Fig. 4.11 over the same area, demon-
strating a virtually identical degree of roughness. As concluded by Chen et al. [38], this
degree of roughness is close to that obtained on C-plane films and is well suited for the
growth of heterostructures.
4.3 Ga adsorption and desorption kinetics
In the case of GaN(0001), several studies have established the optimum growth con-
ditions in MBE and related them to the existence of a Ga bilayer on the growth front
[93,94,95,96,97]. This Ga bilayer is predicted by density-functional calculations to con-
sist of a bottom Ga monolayer (ML) commensurate to the Ga-terminated GaN(0001)
surface, and a laterally contracted, incommensurate top Ga ML [94]. This structure
was found to be stable under Ga-rich conditions due to the reduced Ga-Ga spacing in
the top layer which is predicted to be close to that of bulk Ga. The total amount of Ga
contained within this structure is 2.3 ML [1 ML= 1.136 × 1015 Ga adatoms cm−2 on
GaN(0001]. The lateral mobility of the Ga atoms within the bilayer is predicted to be
high, consistent with the high morphological quality of GaN(0001) grown under con-
ditions giving rise to bilayer coverage. A direct experimental evidence for the presence
of this bilayer is obtained by reflection high-energy electron diffraction (RHEED). GaN
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layers grown under Ga stable conditions exhibit a dim (1×1) RHEED pattern during
growth, but when quenched to temperatures below 300◦C, diffuse ”sidebands”with a
spacing slightly larger than the first order bulk streaks are observed [97]. This spacing
corresponds exactly to the theoretically predicted Ga-Ga spacing in the laterally con-
tracted top ML of the Ga bilayer structure.
For GaN(1100), such a detailed understanding of the surface structure in MBE is lack-
ing. Empirically, we have found that Ga-rich conditions [98, 92] result in GaN(1100)
layers with comparatively smooth surface morphology, whereas N-rich conditions
lead to a severe roughening of the growth front. In this study, it has been found that
optimum growth conditions (or called standard conditions) for M-plane GaN, with
regard to the surface smoothness, are Ga-rich nucleation at 580◦C, Ga stable growth
(φGa = 0.475 ML/s, φN = 0.275 ML/s) and a substrate temperature of 740◦C.
Recently, Lee et al. [39] observed a reconstruction of approximate symmetry ”(4×5)”on
Ga-rich grown GaN(1100) on ZnO by scanning tunneling microscopy. The surface was
found to be metallic in nature, and the authors proposed that it consists of ≥2 ML
[1 ML= 1.21× 1015 Ga adatoms cm−2 on GaN(1100)] of Ga. This proposal is based on
density-functional calculations predicting that Ga-adlayer structures with (1×1) sym-
metry and coverages between 2 and 3 ML on GaN(1100) are energetically favorable
under Ga-rich conditions [39].
4.3.1 Surface reconstruction
In the course of our work, we have noticed that the smoothest layers exhibited a com-
plex RHEED pattern when the surface was quenched to about 150◦C with a cooling
rate of 40◦C/min and the N flux shut off immediately at the termination of growth.
The RHEED pattern observed exhibits a fourfold periodicity along all major azimuths
(a) (b)
(c) (d)
Figure 4.12: RHEED patterns of a typical low TN GaN(1100) film, recorded at 100 ◦C along azimuths of
















Figure 4.13: Ga flux as a function of inverse Ga cell temperatures. The dashed line is the Ga vapor
pressure plot with an arbitrary scale.
as seen in Fig. 4.12, consistent with a (4×4) reconstruction with respect to the unit
mesh of the GaN(1100) surface. Note that this reconstruction is not identical to the
pseudo-(4×5) reported by Lee et al. [39], which gave rise to a fourfold pattern along
the [0001] azimuth only. In the following, we establish a relation between the adsorbed
Ga coverage and reconstructions of the surface.
Determination of Ga flux The Ga flux φGa was determined by the thickness of layers
grown under (slightly) N-rich conditions at a temperature of 580◦C where Ga desorp-
tion can be neglected. This procedure is possible only in a limited range of Ga fluxes
(0.2–0.5 ML/s), outside of which it was determined by the vapor pressure of Ga fit to
the experimentally obtained values for the absolute flux, as shown in Fig. 4.13. Simi-
larly, an active N flux φN used in this study (a plasma power of 400 W with a N2-flow of
0.3 sccm) was determined to be 0.275± 0.05 ML/s from the thickness of layers grown
under Ga-rich conditions.
Relation between Ga coverage and surface reconstruction The growth front was
monitored in situ by RHEED at 20 kV energy and an incidence angle of 1.5◦. The
diffraction patterns along all major azimuths of GaN(1100), i. e., [1120] (0◦), [2243]
(≈39◦), [1123] (≈58◦), and [0001] (90◦), were recorded using a charge-coupled device
(CCD) camera. The intensity of the specular spot and other regions of interest are
recorded using a digital RHEED analysis system [99], which was set to sample data at
a rate of 25 Hz. Growth was initiated by nucleation at 580◦C under Ga-rich conditions.
The growth temperature was then raised to 740◦C and kept constant during the subse-
quent adsorption/desorption studies and growth. All of these studies have been done
using a 500 nm thick GaN(1100) layer grown under standard conditions, i. e., Ga stable
growth (φGa = 0.475 ML/s, φN = 0.275 ML/s) and a substrate temperature of 740◦C.
Figure 4.14 shows the characteristic (1×1) RHEED pattern observed during growth
of M-plane GaN under standard conditions as given above. The pattern is entirely




Figure 4.14: RHEED patterns of the GaN(1100) film, recorded during growth at 740◦C along the major
azimuths of GaN(1100) as indicated.
plane GaN. Upon interrupting the growth for about 20 s at constant temperature and
the N flux on, the intensity of the pattern increases greatly, while the (1×1) symmetry
does not change. Figure 4.15 shows the RHEED pattern of the M-plane GaN film after
complete recovery has taken place. We will investigate this recovery behavior in detail
in the following sections.
The RHEED pattern of the recovered surface does not exhibit any appreciable change
when switching the N flux off. It does not change either when subsequently cooling
the sample down to 100◦C. Upon deposition of up to 4 ML of Ga on this surface at
100◦C, the only noticeable change is that the RHEED pattern becomes dim similar to
that observed during growth (cf. Fig. 4.14). This finding is in marked contrast to the
observation of a (4×4) reconstruction for the surface quenched to low temperature
immediately after growth. Apparently, the thermal energy at 100◦C is insufficient for
the Ga adatoms to condense into this reconstruction.
To study the formation of the (4×4) reconstruction further with this sample, the ex-
cess Ga deposited at 100◦C is first flashed off by heating the sample to 740◦C, leaving
a Ga terminated surface that is virtually identical to that observed during growth in-
[1120] [2243]
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Figure 4.15: RHEED patterns of the GaN(1100) film, recorded during a growth interruption at 740◦C
along the major azimuths of GaN(1100) as indicated. Note the significantly higher intensity of the bulk




Figure 4.16: RHEED patterns of the GaN(1100) film, recorded at 100◦C after a 2-step deposition of 2 ML
Ga at 580◦C along the major azimuths of GaN(1100) as indicated. Note the intense half-order streaks
along all azimuths.
terruptions. The sample is next cooled down to 580◦C, at which the desorption of Ga
is negligible. Next, we deposit 1 ML of Ga onto this surface. Upon cooling to 100◦C,
clear half-order streaks are observed along all azimuths except for [1120] as shown in
Fig. 4.16, consistent with a (1×2) reconstruction of GaN(1100). Upon heating, the half-
order streaks abruptly disappear at a temperature of 250◦C, but the pattern stays dim
in comparison to that of the recovered surface. An additional ML of Ga is then de-
posited at 580◦C, which gives rise to a more intense (1×2) reconstruction after cooling
to 100◦C as shown in Fig. 4.16. However, we often observe the formation of 1/4-order
streaks [i. e., next to the (00) streak] along the [1120] azimuth at this coverage, which
would indicate a (4×2) reconstruction. This observation might indicate a chainlike or-
dering of (1×2)-reconstructed domains.
The sample is then heated to 580◦C again. Finally, the procedure is repeated for the
deposition of an additional ML of Ga, resulting in a total of 3 ML of Ga on the sur-
face. Figure 4.17 shows the resulting RHEED pattern, which exhibits an intense (4×4)
[1120] [2243]
[0001][1123]
Figure 4.17: RHEED patterns of the GaN(1100) film, recorded at 100◦C after a 3-step deposition of 3 ML
Ga at 580◦C along the major azimuths of GaN(1100) as indicated. Note the intense quarter-order streaks
along all azimuths.
35
reconstruction identical to that observed when quenching the sample after growth un-
der standard conditions.
We have checked that the deposition of 2 and 3 ML of Ga in one step at 580◦C results
in RHEED patterns which are indistinguishable from those displayed in Figs. 4.16 and
4.17, respectively. Deposition of intermediate amounts, such as 2.5 ML, results in a
four-fold periodicity along [1120], but a two-fold along all other azimuths, i. e., the
(4×2) reconstruction mentioned above. Deposition of larger amounts than 3 ML re-
duces the overall intensity of the pattern, but does not change its symmetry. In all
cases, the quarter-order streaks get diffuse and eventually disappear at temperatures
above 250◦C.
It is clear from these experiments that Ga adlayers at two stable coverages exist, which
condense at low temperatures into a (1×2)/(4×2) reconstruction at bilayer cover-
age and a (4×4) reconstruction at trilayer coverage. On surfaces with intermediate
amounts of adsorbed Ga, both reconstructions may coexist, presumably in the form of
domains.
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Figure 4.18: Variation of the specular RHEED intensity in vacuum (i. e., φN = 0) upon adsorption of
Ga for 60 s and subsequent desorption for a substrate temperature TS and Ga fluxes as indicated. The
individual transients are vertically shifted for clarity. The dotted line at t = 10 s indicates the opening,
the dashed line at t = 70 s the closing of the Ga shutter.
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Figure 4.19: Definition of the parameters used for analyzing the RHEED transients for the example of
φGa = 0.73 ML/s. The roman numerals denote the respective stage of the Ga adsorption/desorption
process.
4.3.2 Ga adsorption/desorption kinetics in vacuum
The recovery behavior of the surface at elevated temperatures provides the opportu-
nity to study the adsorption/desorption kinetics of Ga in real time. For the follow-
ing experiments, the sample was held at a constant temperature of 740◦C. Ga adsorp-
tion/desorption isotherms were recorded by monitoring the intensity of the specularly
reflected beam along the [2243] azimuth, starting with 60 s of adsorption and allowing
the surface to recover completely prior to the next experiment.
Figure 4.18 shows the variation of the specular RHEED intensity Is for Ga fluxes be-
tween 0.056 and 1.11 ML/s. For the two lowest fluxes, no appreciable change in the
RHEED intensity is observed, reflecting that Ga desorption at this temperature in-
hibits the adsorption of significant amounts of Ga on the surface. At higher fluxes
(0.12 ML/s), the RHEED intensity exhibits a clear drop once Ga deposition is initi-
ated, and an immediate recovery once the Ga supply is stopped. For φGa = 0.15 and
0.19 ML/s, the RHEED intensity stabilizes after the initial drop, and recovers without





















Figure 4.20: I1 and I3 vs. Ga flux.
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Figure 4.21: t1 vs. Ga flux for adsorption in vacuum. The solid line is a fit as discussed in the text.
(0.15 ML/s) or with a very short (0.19 ML/s) delay. Apparently, this situation corre-
sponds to a balance between impinging and desorbing Ga flux, thus establishing an
steady-state Ga coverage at the surface independent of deposition time. For a Ga flux
higher than this value, the recovery is progressively delayed. Furthermore, the RHEED
intensity continues to decrease after the initial, rapid drop, albeit at a much slower rate.
We interpret these observations according to the following four-stage scenario. Initially
(stage I), Ga adsorbs in a layer-by-layer fashion, resulting in the initial, rapid drop of
the RHEED intensity until full coverage is established. If the impinging Ga flux exceeds
the desorbing flux, Ga accumulation takes place, eventually leading to the formation of
droplets which manifests itself in a further but slower decrease of the RHEED intensity
(stage II). Once the Ga supply is stopped, the Ga layer (the exact coverage of which we
will attempt to determine below) starts to desorb. Excess Ga, however, acts as reservoir,
thus stabilizing the Ga layer and delaying recovery (stage III). Once the excess Ga is
depleted, the Ga layer desorbs, accounting for the rapid final recovery (stage IV).
To analyze these Ga isothermal transients quantitatively, we next define parameters






















Figure 4.22: Amount of impinging Ga during stage I as obtained from t1 vs. Ga flux in vacuum. The
solid line is a fit of the data between 0.24 and 1.11 ML/s.
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associated with the four stages of Ga adsorption/desorption introduced above. Fig-
ure 4.19 visualizes the relation between these parameters to the RHEED transients for
the example of φGa = 0.73 ML/s. The time interval required for the completion of
stage i is denoted by ti, while Ii refers to the intensity at the end of this stage. While the
time intervals t1 − t3 are well defined (note that t2 = 60 − t1), no such interval can be
defined unambiguously for stage IV. In fact, plotting ln(1− Is) reveals the desorption
process in this stage to be exponential, thus being characterized by a time constant τ4
rather than by a time interval. We will analyze stage IV in context with a quantitative
description of these transients in section 4.3.4. Figures 4.20 and 4.21 shows the quan-
tities associated with full Ga adlayer coverage, i. e., the intensities I1 and I3 (Fig. 4.20)
and the time t1 (Fig. 4.21). Apart from the lowest Ga fluxes used here, where full cov-
erage cannot be reached, I1 is found to be independent of the Ga flux. This finding
confirms the view that stage I is related to the adsorption of a fixed amount of Ga. The
same applies to I3, which is seen to be identical to I1 within experimental uncertainty.
Stage IV thus indeed corresponds to the desorption of a fixed amount of Ga, and this
amount seems to be identical to that adsorbed during stage I.
Figure 4.21 depicts the adsorption time interval t1 as function of φGa. We see that this
quantity exhibits the intuitively expected inverse proportionality to φGa. The fit shown
by the solid line is based on the simple assumption that the Ga coverage θ is given by
the product of t1 and the Ga flux φGa, minus the product of t1 and a mean desorption
flux, i. e., t1 = θ/(φGa −φdes). The good agreement between this expression and the
experimentally measured values for t1 confirms that the amount of Ga adsorbed in
stage I is indeed constant for a Ga flux resulting in a complete Ga adlayer coverage.
Quantitatively, the fit returns values θ = 1.62 ML and φdes = 0.09 ML/s. Let us
stress that this approach is at best a rough approximation, as it is based on the implicit
assumption that both the adsorption and the desorption processes are independent of
coverage. We will analyze this situation in section 4.3.4 in more detail. A quantity
that can be determined at the present stage without ambiguity is the amount of Ga
impinging onto the surface, which is given simply by t1φGa. Figure 4.22 shows the
impinging amount of Ga during t1 as a function of the Ga flux. For the lowest fluxes,













Figure 4.23: I2 vs. Ga flux for adsorption in vacuum.
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For higher fluxes, the amount is constant as indicated by the solid line and corresponds
to 2.04± 0.02 ML.
This amount corresponds to 2.04 ± 0.02 ML. As we will show in section 4.3.4, this
value closely corresponds to the actually adsorbed amount since Ga desorbing from
the adlayer is replaced by excess Ga at these high Ga fluxes. In fact, the above view
that excess Ga forms only after completion of the Ga adlayer is overly simplistic, since
an infinite diffusion rate of the excess Ga adatoms would be required for this strict
separation. The same statement applies to the entire depletion of excess Ga at the
onset of stage IV.
A further indication for the formation of a dynamically stable Ga adlayer is provided
by the dependence of the intensity I2 on Ga flux, as shown in Fig. 4.23. For a Ga flux
between 0.15 and 0.4 ML/s, I2 is found to be almost constant, implying that there is
only little, if any, accumulation of excess Ga occurring in this range. Note that one
should not expect an entirely constant intensity here, which is often postulated to be a
signature of a dynamic equilibrium. For kinetically controlled conditions, an increase
of the Ga flux will slightly but inevitably shift the stoichiometry to the more Ga-rich
side. However, for higher fluxes, I2 abruptly drops, signifying the formation of signif-
icant amounts of excess Ga under these conditions. The precarious balance between
adsorption and desorption is thus eventually broken.
The last quantity which is related to full Ga adlayer coverage is the recovery time
interval t3. According to our interpretation, this time interval is determined primarily
by the desorption of the adlayer coverage, provided that the diffusion rate of excess
Ga replenishing the Ga adlayer is sufficiently high. Figure 4.24 shows t3 as a function
of the Ga flux. The linear fits shown by the dashed and solid lines are based on the
assumption that the excess Ga coverage n built up during stage II is effectively reduced
by substitution of the desorbing Ga adlayer coverage in stage III. In other words, t3 =
n/φmaxdes , where φ
max
des is the desorption flux for a full Ga adlayer coverage. Since n
accumulates during time t2 where full coverage is already established for Ga fluxes
higher than 0.15 ML/s, we may write n = t2(φGa −φmaxdes ). This simple approximation,
which implicitly considers that all excess Ga is available for substituting the Ga adlayer,
is shown by the dashed line and returns a maximum desorption flux of 0.16 ML/s. If
we take into account that the diffusion rate of excess Ga is not infinite, and that thus









Figure 4.24: t3 vs. Ga flux in vacuum. The dashed and solid lines shows linear fits to the data as dis-
cussed in the text.
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only a certain fraction a of the excess Ga coverage is available for substituting the Ga
adlayer, we may express n phenomenologically as n = at2(φGa −φmaxdes ). The result
of this consideration is the solid line, a fraction a = 0.84 and a desorption flux of
0.143 ML/s.
To summarize this section, our approximate analysis indicates a stable Ga coverage
slightly below 2 ML, above of which excess Ga forms. This analysis, however, neglects
the interaction between the Ga adlayer and excess Ga. We will show in section 4.3.4
that the actual coverage is thus close to the amount of Ga actually delivered to the
surface during the adsorption interval t1, which turns out to be almost exactly one
bilayer (2.04± 0.02 ML).
4.3.3 Ga adsorption/desorption kinetics under an active N flux
For the following experiments, the sample was held at a constant temperature of 740◦C
and exposed to an active N-flux of 0.275 ML/s. Ga adsorption/desorption isotherms
were recorded exactly as described in section 4.3.2.
Figure 4.25 shows the variation of the specular RHEED intensity for Ga fluxes between
0.19 and 1.66 ML/s. The behavior observed is analogous to that in Fig. 4.18, and we
0 50 100 150 200 250
Ts = 740 
oC


















Figure 4.25: Variation of the specular RHEED intensity under an active N flux (φN = 0.275 ML/s) upon
adsorption of Ga for 60 s and subsequent desorption for a substrate temperature TS and Ga fluxes as
indicated. The individual transients are vertically shifted for clarity. The dotted line at t = 10 s indicates
the opening, the dashed line at t = 70 s the closing of the Ga shutter.
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Figure 4.26: t1 vs. Ga flux under an active N flux. The solid line shows a fit as dicussed in the text.
thus interpret it in the same way. Particularly, the dependence of I1 and I3 on Ga flux is
essentially identical to that shown in Fig. 4.20, and we take this as a confirmation that
a stable Ga adlayer coverage is formed also under an active N flux.
The adsorption time t1 is shown in Fig. 4.26 as a function of Ga flux. As in Fig. 4.21, this
quantity exhibits an inverse proportionality on φGa. The fit shown by the solid line is
based on the assumption that t1 = θ/(φGa −φdes −φN), with the mean consumption
flux φN due to the presence of active N. Quantitatively, the fit returns values for the
Ga coverage of 2.78 ML and φdes + φN = 0.17 ML/s. The coverage obtained here is
significantly higher than that obtained in the vacuum adsorption shown in Fig. 4.21,
and the difference is far beyond any possible error margin.
Indeed, when examining the impinging amount of Ga during stage I as shown in
Fig.4.27, we find that this amount is as large as 3.45±0.07 ML for Ga fluxes higher
than 0.4 ML/s. The active N flux cannot reduce this amount to a bilayer as found for
vacuum conditions. We thus believe that these results are significant in that they indi-
cate a stabilization of a larger Ga adlayer coverage by the active N flux compared to
vacuum adsorption. It is possible that the two different surface reconstructions, one
occurring at bilayer, the other at trilayer coverage, are related to this finding.
Figure 4.28 shows the recovery time t3 as a function of Ga flux. We proceed exactly in
the same way as described above in connection with Fig. 4.24, except for the fact that
we also consider the consumption flux (equal to the growth rate) due to the presence
of active N: t3 = n/(φmaxdes −φ
max
con ), where n = at2(φGa −φmaxdes −φ
max
con ). Interestingly,
when explicitly assuming that the diffusion rate of the excess Ga coverage is infinite
(a = 1), we do not get any acceptable fit (dashed line in Fig. 4.28). Considering, as
above, that only a fraction a of the excess Ga is able to replenish the Ga adlayer, we
obtain the solid line, a = 0.59, and φmaxdes + φ
max
con = 0.365 ML/s. Given that the N flux
has been determined to be 0.275 ML/s, the latter result indicates a desorption flux at
full adlayer coverage of 0.09 ML/s, considerably less than in vacuum.
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4.3.4 Kinetic model
We have seen in the preceding sections that the strict distinction between the forma-
tion of a Ga adlayer and the subsequent accumulation of excess Ga is too simplistic.
The most important questions we must ask are thus, if the four-stage scenario devel-
oped in section 4.3.2 is essentially correct, and how accurate the approximate analyses
presented above actually are.
To answer this question, we next develop a quantitative model of our interpretation.
The model is required to account for adsorption and desorption of Ga as well as for
the formation of excess Ga interacting with the Ga adlayer, and for GaN growth in the
case of the simultaneous presence of Ga and N. Our model, in units normalized to the
maximum Ga adlayer coverage, is described by the equations
dθ
dt
= jGa(1−θ) + dGa(1−θ)n−γθθ− jN2θ (4.1)
dn
dt
= jGaθ− dGa(1−θ)n−γnn (4.2)
where θ denotes the Ga adlayer coverage, n the amount of excess Ga, jGa and jN the Ga
and N delivery rate, dGa the diffusion rate of excess Ga adatoms impinging onto θ, and
γθ (γn) the rates of Ga adlayer (excess Ga) desorption. The first term of each equation
accounts for adsorption of Ga, building up the Ga adlayer θ and subsequently excess
Ga n. In much the same way, the second terms account for diffusion of excess Ga
impinging onto the Ga adlayer. The third terms describe the desorption of the θ and
n. The last term in Eqs. (4.1), finally, stands for the incorporation of Ga and N adatoms
into the crystal, i. e., actual growth. Note that the model described by Eqs. (4.1) and
(4.2) is a linearized, and highly simplified version of microscopic theories of the surface
kinetics such as developed in Ref. [100]. This simplification is necessary to reduce the
number of free parameters and thus to guarantee stable fits, but also means that, while
our model is perhaps the most simple one accounting for the phenomena we wish to
describe, there certainly are a variety of more refined models which could equally well
describe the data.
Finally, we have to relate the surface coverage calculated by means of Eqs. (4.1) and
























Figure 4.27: Amount of impinging Ga during stage I as obtained from t1 vs. Ga flux under an active N
flux. The solid line is a fit of the data between 0.59 and 1.66 ML/s.
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Figure 4.28: t3 vs. Ga flux under an active N flux. The dashed and solid lines show a linear fits to the
data as discussed in the text.
(4.2) to the quantity experimentally observed, namely, the RHEED intensity. Since the
Ga adlayer at growth temperature does not condense into a reconstruction, but rather
represents a liquid, it manifests itself in a damping of the RHEED intensity. We thus
follow the well-established relation between surface coverage and intensity in Auger
attenuation experiments [101], which reads:
I(θ, n) = e−θ−bn. (4.3)
Both the adlayer coverage θ and the excess coverage n are assumed to damp the inten-
sity exponentially. The ripening of excess Ga to clusters and droplets leads to a (geo-
metrically determined) different rate of decrease with respect to the Ga adlayer cover-
age, as expressed by the prefactor b. Figure 4.29 shows three experimental Ga adsorp-
tion/desorption isotherms in vacuum together with simulations based on Eqs. (4.1)–
(4.3). Except for the Ga flux, which was taken to be equal to the experimentally de-


























Figure 4.29: Experimental (symbols) and simulated (solid lines) RHEED transients for three different
Ga fluxes as indicated in the figure.
44
termined flux as indicated in the figure, we used the same parameters for these sim-
ulations, namely: a diffusion coefficient of 2×10−15 cm2/s, a Ga adlayer desorption
flux of 0.137 ML/s, an excess Ga desorption flux of 0.003 ML/s, and a prefactor b
of 0.06±0.003. Evidently, the agreement between the experimental transients and the
simulations is very good. Most importantly, this agreement can only be obtained with
the above set of parameters, since the slope of the transient in stage III is mainly deter-
mined by γn, while γθ determines the slope of the transient in stage IV. Furthermore,
the onset of stage IV depends essentially on the sum of γn and γθ, resulting in unique
fits to the experimental data. This result reflects that our general understanding of
the adsorption/desorption processes is essentially correct. Of particular interest at this
point are thus the Ga adlayer and excess Ga coverages predicted by the simulation at
the intensities I1 and I3. At I1, these coverages are found to be independent of Ga flux
for φGa ≥ 0.15 ML/s, and amount to θ = 1.64 ML and n = 0.42 ML, respectively.
At I3, we obtain θ = 1.86 ML and n = 0.34 ML, again independent of Ga flux for
φGa ≥ 0.15 ML/s. The coexistence of θ and n is a direct result of the finite diffusion
rate of the excess Ga, as already concluded above.
An interesting detail is the inability of our model to accurately fit stage I and the transi-
tion towards stage II, as shown for a Ga flux of 0.9 ML/s in Fig. 4.30. The experimental
transients exhibit two clearly distinct slopes during stage I, an abrupt change of slope
at the transition to stage II, and a gradual change of slope thereafter. It is likely that this
complex behavior reflects the formation of the bilayer by the subsequent adsorption of
a lower and upper ML, accompanied by the simultaneous nucleation and diffusion of
excess Ga on both of these levels. Our model as formulated above is obviously unable
to reproduce this process, since it does not distinguish the two distinct layers of the Ga
bilayer but treats them as being one entity. However, there are other factors which must
be considered as well in this context. If the Ga adlayer is not completed (θ < 1), it does
not form a continuous film but two-dimensional islands. This inevitable fact has sev-
eral important consequences. First of all, our model treats θ as a continuous variable,
and neglects its inherently discrete nature at low coverages. Second, the desorption
kinetics of two-dimensional islands is known to be dominated by desorption from the
islands’ edges, which changes the first-order (monomolecular) desorption kinetics as-





















Figure 4.30: Experimental (symbols) and simulated (solid lines) RHEED transient for the indicated Ga
flux during the initial adsorption stage.
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Figure 4.31: Experimental (symbols) and simulated (solid lines) RHEED transients for three different Ga
fluxes as indicated in the figure and an active N flux of 0.275 ML/s. The transients are vertically offset
for clarity. The Ga opening and closing are indicated by dotted and dashed lines, respectively.
sumed here (∝ θ) to half-order (∝
√
θ). Third, the desorption rate γθ will be enhanced
in this case, essentially resulting in a coverage-dependent desorption rate which is no
longer a constant but a function of θ. In fact, for Ga fluxes lower than 0.19 ML/s, we
had to increase γθ significantly to account for the early and comparatively rapid recov-
ery observed. In view of that said above, it is clear that this simple measure is purely
phenomenological and only approximates the actual desorption process.
We next turn to a comparison between experimental Ga adsorption/desorption
isotherms under active N flux and simulations based on Eqs. (4.1)–(4.3). As above,
we take the experimentally determined Ga flux for the simulations, and, of course, the
additional N flux. For a Ga flux larger than 0.475 ML/s, the parameters required to
get a good agreement between simulated and experimental transient are identical to
those given above, except for γθ, which turns out to be slightly larger (0.155 ML/s).
For lower Ga fluxes, the Ga adlayer is not completed and γθ increases drastically as
discussed above for the case of desorption in vacuum. Figure 4.31 shows the three
RHEED transients at the transition between N-stable and Ga-stable conditions. The
desorption fluxes required to fit them are 0.155, 0.21, and 0.28 ML/s from low to high
Ga flux. The good agreement between experimental and simulated transients shows
that the adsorption/desorption kinetics is not fundamentally different in the presence
of a N flux compared to that under vacuum. Rather, the N flux seems merely to con-
sume Ga and thus to shift the adsorption/desorption balance toward higher Ga fluxes.
For sake of completeness, we determine again the Ga adlayer and excess Ga coverages
predicted by the simulation at I1 and I3. At I1, these coverages are found to be indepen-
dent of Ga flux for φGa ≥ 0.475 ML/s, and amount to θ = 1.94 ML and n = 0.88 ML,
respectively. At I3, we obtain θ = 1.88 ML and n = 0.26 ML, again independent of Ga
flux for φGa ≥ 0.475 ML/s. The large coverage at I1 is consistent with that deduced
from Fig. 4.26. At this point, it is instructive to examine the predictions of our model
for prolonged growth using the parameters used for the simulations in Fig. 4.31. Figure
4.32 (a) shows the Ga bilayer coverage vs. growth time for the three different Ga fluxes
at the transition between N-stable and Ga-stable conditions. As expected, full bilayer
coverage is not reached for the lowest Ga flux. In contrast, the Ga adlayer coverage
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slowly converges towards a full bilayer for the intermediate Ga flux, and is obtained
rapidly for the highest Ga flux. However, as shown in Fig. 4.32 (b), the price one pays
for this rapid bilayer completion is a diverging Ga excess coverage, which increases
without bound for prolonged growth. In fact, layers grown under these conditions
exhibit a high density of Ga droplets and, after HCl etching, of corresponding surface
defects. In contrast, the Ga excess coverage saturates at 2 ML for the intermediate
Ga flux, reflecting that a dynamic equilibrium is established under these conditions.
Note that the desorption flux for this case is 0.21 ML/s, which in fact is almost ex-
actly equal to the difference of Ga and N flux. The total Ga coverage during growth
is here thus 4 ML, which is consistent with the observation of the Ga-trilayer related
(4× 4)-reconstruction observed for this growth conditions after quenching the sample
to 100◦C (cf. Fig. 4.17). For the lowest Ga flux, the excess coverage is (as expected)
negligible.
In agreement with this prediction, our GaN(1100) layers grown under standard con-
ditions exhibit droplet-free and microscopically smooth surfaces, as shown in Fig. 4.10
(c). The surfaces of the layers exhibit the characteristic highly anisotropic, stripe-like
morphology of GaN(1100) layers [92, 38, 39]. With a rms roughness of 0.6 nm, the
smoothness of those layers approaches (but does not yet reach) that of state-of-the-art
GaN(0001) layers grown by PAMBE.


















































Figure 4.32: Simulated Ga adlayer and excess Ga coverage during growth. The parameters used are
those deduced from the simulations shown in Fig. 4.31, but the Ga supply is now terminated at t = 700 s.
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5 Structural and optical properties of M-plane GaN
In this chapter, the correlation of the structural and optical properties of pure M-plane
films is discussed. We focus on two samples, namely, sample F and sample G2 nucle-
ated at 750◦C and 660◦C (growth details can be found in section 4.1). AFM, transmis-
sion electron microscopy (TEM), cw-photoluminescence (PL), time-resolved (TR) PL,
cathodoluminescence (CL) and scanning electron microscopy (SEM) have been used to
characterize these samples.
5.1 Structural and optical properties
High-resolution XRD To examine the phase composition of sample G2, we utilize
high-resolution x-ray diffractometry. Figure 5.1 presents ω-2θ scans of both samples.
The peaks located at 34.682◦ and 32.254◦ are due to the (200) and (1100) reflections of
LAO and GaN, respectively. No peak related to the (0002) C-phase is detected, which, if
present, should be seen in the left vicinity of the LAO(200) diffraction peak, namely, at
2θ = 34.56◦ (cf. Fig. 3.7). The values of the angular separation between these two peaks
indicate a lattice expansion of 0.63% and 0.70% along the growth direction [1100] for
samples F and G2, respectively. This expansion is a consequence of the thermal and/or
the lattice mismatch between GaN and LAO, both of which result in compressive in-
plane strain. XRD rocking curves taken from these two samples exhibit a width of
1020′′ for sample F and 774′′ for sample G2. As we will see below, the reduced broad-
ening for sample G2 is in fact related to a reduced density of structural defects, though
the actual difference between samples F and G2 is more dramatic than reflected by the
rocking curves.
PL at 5 K Figure 5.2 shows the PL spectra of samples F and G2 at 5 K. The PL spec-
tra of both samples are dominated by strong near-band-gap transitions. Yellow lumi-
nescence (YL) is undetectable for both samples. The high energy bands near 3.48 eV
for both samples are attributed to the donor bound exciton (D0,X). The blue-shift of




















Figure 5.1: ω-2θ triple crystal scans across the (1100) GaN-reflection of samples A and B.
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Figure 5.2: Photoluminescence spectra of sample F and sample G2 recorded at 5 K. The equidistant
phonon replicas are indicated by vertical lines.
the (D0,X) transition compared to relaxed GaN [102, 103] evidences the comparatively
large compressive stress of the layers, consistent with the XRD results. In addition
to the (D0,X) transitions, the spectra of both samples exhibit a lower-energy line at
3.356 eV (X) for sample F and at 3.30 eV for sample G2. Considering the large com-
pressive strain in these layers, at least the latter of these lines is suspiciously close
to the position of the donor-to-acceptor pair (DAP) transition [104, 105, 106]. Regard-
ing the former line, several groups have reported a weak PL line around 3.36 eV at
low temperatures from C-plane GaN samples grown by different techniques and on
different substrates [107, 108, 109, 110, 111, 112, 113], and have mostly attributed this
transition to excitons bound to structural defects, such as stacking faults [111] or dis-
locations [108, 109, 110]. In the following, we investigate the origin of the low-energy
lines from samples F and G2 in detail. As mentioned in section 3.2 and also shown in
section 4.2, the two types of LAO substrates, i. e. AE and NP, have significant impact
on the surface morphology of samples grown on the top. However, all other physi-
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Figure 5.3: 5 K photoluminescence spectra of two samples grown on AE and NP LAO substrate respec-
tively.
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cal properties, such as the micro-structures (which will be discussed later) and optical
transitions, remain basically unchanged. Figure 5.3 shows a comparison of the PL spec-
tra of two samples both grown under the same conditions as sample H, but on AE and
NP LAO substrates. Both samples exhibit the same fundamental transitions, namely, a
dominant (D0,X) transition and a lower energy line similar to that observed in sample
F, the origin of which will be discussed in the following.
SEM and CL map Since we expect a transition related to structural defects to exhibit a
larger degree of spatial inhomogeneity than a transition arising from point defects, we
first perform spatially resolved CL measurements. CL measurements are performed
at 5 K in a scanning electron microscope equipped with an Oxford mono-CL2 and
He-cooling stage. Surface micrographs are obtained by the same SEM at room temper-
ature.
Figure 5.4 (a) shows a plan-view SEM image of sample F at room temperature. We ob-
serve the typical stripe-like pattern characteristic for GaN grown on AE LAO(100), con-
sisting of rather smooth ridges and rough trenches. The CL map at the wavelength of
the X line is shown in Fig. 5.4 (b). The emission indeed preferentially occurs along the
stripe direction. The superposition of the SEM and CL map (not shown here) demon-
strates that the X line predominantly originates from the trench regions. For compar-
ison, we show SEM and CL maps of sample G2 in Fig. 5.4 (c) and (d), respectively.
Evidently, the DAP emission from sample G2 is significantly more uniform compared








Figure 5.4: Room-temperature plane-view SEM micrograph of sample F (a) and CL map obtained from
the same region, detected at the wavelength of the X line (b); Room-temperature plane-view SEM mi-





Figure 5.5: Cross-sectional SEM micrograph recorded at 5 K (a) and the corresponding CL map of the
same region, detected at the wavelength of the X line (b) of sample F.
but seems to occur preferentially on the ridges.
For sample F, the higher light-extraction efficiency in the rough trenches compared
to the smooth ridges might facilitate a stronger external emission intensity, causing a
spurious contrast in the CL map. However, as seen in the cross-sectional SEM and CL
micrographs shown in Fig. 5.5 (a) and (b), respectively, the X line emission actually
occurs within the entire depth of layer, and not preferentially from the surface. For
sample G2, in contrast, we believe that the plate-like morphology of the ridges actually
enhances light extraction, since we do observe the same apparent contrast also when
recording CL maps at the wavelength of the (D0,X) transition.
TEM To examine the microstructure of the layers, we employ cross-sectional TEM.
TEM studies are performed in a JEOL3010 microscope operating at 300 kV. Figure 5.6
shows two-beam bright field micrographs of cross sections of samples F and G2 with
g=1100 near the [1120] zone axis. The microstructure of both samples is quite different
from that of C-plane GaN. The density of perfect threading dislocations is found to be
below 1 × 106 cm−2. The most dominant defects are basal plane stacking faults (SFs),
most of which intersect the entire thickness of the layer. The partial dislocations termi-
nating these basal plane SFs have been determined to be of Shockley type with Burgers
vectors b=13 [1010] or
1
3 [0110] [114]. Most importantly, sample F exhibits a significantly
higher SF density as compared to sample G2, and most of the SFs in this sample are
concentrated within the trench region. It is interesting to note that in both samples
bundles of SFs occur at locations where the substrate/epilayer interface is visibly dis-
turbed. It is thus likely that the abundance of SFs in sample F results from the pro-
nounced roughening of the LAO(100) face when heated to the growth temperature. At











Figure 5.6: Cross-sectional g=1100 two-beam bright-field TEM micrographs near the [1120] zone axis
of sample F (a) and sample G2 (b). The defects running through the layers are identified as being basal
plane stacking faults.
enhanced incorporation of O during the initial stage of growth, or even the formation
of interfacial polytypoids of the type (Ga,Al)(N,O). In fact, Hagege et al. [115, 116, 117]
have suggested that the presence of O may serve to stabilize SFs in AlN ceramics. A
more recent work suggested that coalescence of two nucleation regions with differ-
ent stacking sequences is the reason for the formation of stacking faults [43], as three
〈1100〉 faces have ABAB stacking and the other three have ACAC stacking. We are,
at present, unable to distinguish among these possibilities mentioned above, but it is
clear that a low nucleation temperature results in a significantly improved microstruc-
ture and surface morphology. Furthermore, it is also clear that the X emission from
sample F is in fact related to the presence of SFs, since the emission is the strongest at
places where the SFs are most abundant.
NP LAO substrates are free of the trench-pattern which is usually observed on AE
LAO substrates. As a consequence, there is no SF bunching, as observed in Fig. 5.7.
However, SFs are still the dominant defects in M-plane GaN films grown on NP LAO
substrates. The overall SF density is similar to that in GaN grown on AE LAO sub-
strates. Nevertheless, the surface morphology is greatly improved, as clearly seen in





Figure 5.7: Cross-sectional g=1100 two-beam bright-field TEM micrographs near the [1120] zone axis of
one GaN film grown on a NP LAO substrate.
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5.2 Stacking-faults related luminescence
Having established the correlation between the presence of SFs and the X emission,
the question remains whether this emission merely originates from point defects and
impurities which are accumulated in the vicinity of the SFs, or is in some sense an emis-
sion intrinsic to SFs, such as excitons bound to SFs. For this purpose, we investigate
the dependence of the low-energy PL lines from samples F and G2 on excitation den-
sity, as well as the recombination dynamics of these transitions. The generation rate
of CL is varied by changing the excitation area, but keeping the acceleration voltage
(4 kV) and beam current (0.3 nA) constant. Its value is calculated taking backscattering
corrections into account.
Excitation-density dependence Figures 5.8 (a) and (b) show the excitation-density-
dependent PL spectra of samples F and G2, respectively, at 5 K in the near-bandgap
spectral region. For better comparison with the CL measurements shown below, the
excitation density is given in units of generation rate per unit area, which is identical
to the photon flux in the case of PL. For sample F, the position and width of the X line
is independent on the generation rate. In contrast, the DAP line of sample G2 exhibits
a clear blueshift with increasing generation rate, which is a signature for DAP transi-
tions because of the saturation of long-distance DAPs with increasing carrier density.
For both samples, the (D0,X) transition energy is, as expected, independent of gener-
ation rate. The low-energy shoulder (labeled I3) of the (D0,X) transition in sample F
has an energy separation of 19 meV and thus may originate from an acceptor-bound
exciton or a donor-to-band transition. Figure 5.9 shows the spectrally integrated PL
and CL intensities of both the X and DAP transitions versus generation rate. Over
five orders of magnitude, the intensity of the X transition rises linearly with increas-
ing excitation density. The X transition thus exhibits the characteristics expected for
an intrinsic transition. In contrast, the DAP transition is saturated at generation rates
exceeding 1019 cm−2s−1, confirming its extrinsic origin. It is also noted that both the X
transition and the DAP transition quench rapidly when the temperature is above 50 K,
































































Figure 5.8: Excitation density-dependent PL spectra of sample F (a) and sample G2 (b) at a fixed tem-
perature of 5 K. The unit generation rate in (a) and (b) is 9×1015 cm−2s−1 and 8.35×1015 cm−2s−1,
respectively. The equidistant phonon replicas are indicated by vertical lines.
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Figure 5.9: Integrated PL and CL intensity of the low energy bands in sample F (X) and G2 (DAP) versus
the generation rate. The solid line is a linear fit with a slope of 1.0. The experimental data for PL and CL
are vertically offset for clarity.
and at room temperature they are hardly resolved.
Band profile Although stacking faults do not introduce localized states in the band
gap [118], they form quantum-well-like structures since they can be considered as
thin zinc-blende layers embedded in the wurtzite matrix. The calculated band align-
ment [119, 120, 118] represents a type II heterojunction, where electrons are captured
in the potential well, which then attract holes via the Coulomb interaction to form
excitons. Rebane et al. [119] also calculated the binding energy of these excitons to
be 45 meV. In fact, in temperature-dependent PL measurements (not shown here) we
found that the X emission quenched rapidly at elevated temperatures with an activa-
tion energy of 48 meV. The good agreement between these values, however, is likely to
be a mere coincidence: the calculation of Rebane et al. [119] neglected the spontaneous
polarization of the wurtzite matrix along the [0001]-direction, i. e, perpendicular to the



















Our TEM results show that the basal plane SFs terminated by Shockley-type par-
tial dislocations are intrinsic type II SFs (also called as I2) with a stacking sequence
...ABABABCACAC..., containing two units of sphalerite stacking. Therefore, the width
of the potential wells is given by 2c0, i. e. 1.04 nm. Figure 5.10 displays the band-
alignment of this type II SF within a wurtzite matrix obtained from self-consistent
Schrödinger-Poisson calculations, taking the band offsets determined by Stampfl and
van de Walle [118], the spontaneous polarization from Bernardini and Fiorentini and
Vanderbilt [58] and assuming that the SF have a spatial separation of 5 nm [cf. the SF
bundle in Fig. 5.6 (a)]. The band profile clearly shows that the electric field present
in the barrier creates a triangular potential profile which effectively confines holes.
The calculated interband transition energy agrees almost exactly with the experimental
one, which, however, is somewhat fortuitous, as we did not take into account excitonic
effects which would lower the transition energy by at least 30 meV.
TR PL at 5 K Considering the band profile shown above, the recombination dynam-
ics of the SF emission is expected to resemble that of quantum wells with similar width
and magnitude of the electrostatic field. TR PL measurements at 5 K are done with a
frequency-tripled Ti:sapphire laser with a pulse width of about 200 fs. For detection, a
Hamamatsu C5680 streak camera is used.
Figures 5.11 (a) and (b) show the PL transients for the SF and DAP transitions, respec-
tively. The measured decay time of the SF transition is 1.1 ns, which indeed is close to
values reported for quantum wells of similar width [121,122]. In contrast, the decay of
the DAP transition is nonexponential and takes place on a time scale of about 100 ns,
showing the expected behavior for this extrinsic transition.
Finally, it should be pointed that most of our samples, even those grown on NP LAO
substrates, exhibit a SFE transition at low temperature (cf. Fig. 5.3). The observation
of the DAP transition in sample G2 is most likely due to unintentional Mg incorpo-
ration because of the Mg memory effect, since this sample has been grown just after
outgassing of the Mg effusion cell.


































Figure 5.11: PL transients of the SF emission from sample F (a) and the DAP transition from sample G2
(b) recorded at 5 K.
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5.3 Consequence of optimum growth conditions
In general, high quality M-plane GaN epilayers are essential for device performance.
As GaN epilayers are usually used as buffer layers for quantum well and superlattice
structures, their surface quality is crucial for synthesizing these desired structures. A
systematic study on the optimum growth conditions for M-plane GaN has been pre-
sented from Chapter 3 to 5. In order to emphasize the significance of the growth condi-
tions, it is necessary to briefly review the properties of M-plane GaN epilayers grown
under optimum conditions, before we move to investigate (In,Ga)N/GaN quantum
wells and Mg doping in the following chapters. We divided the challenge of the epi-
taxial growth into three sub-issues, namely, substrate, nucleation and growth. The im-
pacts of these three sub-issues on the quality of epitaxial layers are studied separately.
The optimum growth conditions for C-plane GaN grown on SiC(0001) by PAMBE were
found to be adopting H2-etched SiC substrates, a direct nucleation (the nucleation tem-
perature TN is equal to the growth temperature TG), and a stable Ga bilayer coverage
on the growth front [84]. In comparison, best M-plane GaN epilayers are grown on
NP LiAlO2, with a low-temperature (580◦C) GaN nucleation layer under high III-V ra-
tio prior to growth, and under slightly Ga-rich conditions during the growth (giving
trilayer at low temperature). As current commercial GaN-based devices are all [0001]-
oriented, it is interesting to compare our [1100]-oriented layers’ properties with their
C-plane counterpart.
A summary of the properties of M-plane GaN films grown under optimum condi-
tions is presented in Tab. 5.1. The morphological, structural and optical qualities of
our M-plane GaN films approach those of state-of-the-art C-plane GaN films grown
by PAMBE. This indicates that this material is indeed promising for the fabrication of
devices. Note that a direct comparison of the XRC FWHMs of M-plane and C-plane
might result in the erroneous conclusion that the structural quality of M-plane epilay-
ers is inferior to that of corresponding C-plane layers. One should keep in mind, how-
ever, that the mechanism leading to the broadening of XRCs in M-plane and C-plane
epilayers is different (cf. section 4.1.3). In particular, the structural defects in M-plane
GaN epilayers were demonstrated to be different from those in C-plane films.
Table 5.1: Comparison of selected properties of C-plane and M-plane GaN films grown under optimum
conditions. The RMS roughness is obtained over a 3×3 µm2 area by AFM. The linewidth of x-ray
rocking curves of symmetrical and asymmetrical reflections is denoted by ∆ωs and ∆ωa, respectively.
Note that symmetrical and asymmetrical reflections denote (1100) and (2203) for M-plane GaN, and
(0002) and (1012) for C-plane GaN, respectively. The densities of screw, edge, and partial dislocations
as observed by transmission electron microscopy are denoted by ρs, ρe, and ρp, respectively. ∆E(E2)
is the linewidth of the E2 phonon in room-temperature Raman spectra, and ∆E(PL) that of the (D0,X)
transition in low-temperature photoluminescence spectra.
RMS XRC (arcsec) ρ (cm−2) ∆(E)
(nm) ∆ωs ∆ωa ρs ρe ρp E2 (cm−1) PL (meV)
C-plane 0.3 100 700 5×107 5×109 <106 2.5 10
M-plane 0.6 700 1100 <106 <106 3×109 3.4 14
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6 M-plane (In,Ga)N/GaN multiple quantum wells
Nonpolar wurtzite III-nitride multiple quantum wells (MQWs) are expected to be free
of electrostatic fields along the growth direction. To experimentally confirm this pre-
sumption, one usually relies on the results of spectroscopic studies. The correct inter-
pretation of these results, however, requires an accurate knowledge of the structural
parameters of the samples under investigation. This statement is particularly true for
the case of (In,Ga)N/GaN quantum wells, in which the surface segregation of In may
severely distort the intended composition profile as indeed found for the case of C-
plane ([0001]-oriented) structures [123, 124, 125]. In this chapter, growth of M-plane
(In,Ga)N/GaN MQWs on LAO(100) and a detailed investigation of their structural
and optical properties are described.
6.1 In incorporation and surface segregation
Although C-plane (In,Ga)N/GaN MQWs have been extensively studied, nonpolar
(In,Ga)N/GaN MQWs with wurtzite structure have not been synthesized so far. A
previous attempt of our group produced a predominantly C-plane structure because
of the inappropriate nucleation conditions [126]. Here, we employ a low-temperature
GaN instead of an AlN nucleation layer, resulting in pure M-plane growth. To study
the impact of surface orientation on the In incorporation during the MQWs growth, a
set of 20-period (In,Ga)N/GaN MQWs was grown on NP γ-LiAlO2(100) substrates.
Growth For all samples, growth was initiated by a 100 nm thick low-temperature
(580◦C) GaN nucleation layer, after which the temperature was increased to 740◦C for
the growth of a 500 nm thick GaN buffer layer. Together with the improved substrate
morphology, this growth procedure results in a buffer layer surface having an rms
roughness of only 0.6 nm as shown in section 4.2. For the subsequent growth of the
(In,Ga)N/GaN MQWs, the substrate temperature was decreased to 600◦C. In, Ga, and
N fluxes were identical for all MQWs, which differ only due to the different growth
times for the well, namely, 25 s for samples A and B, and 40 s for samples C and D, re-
spectively. The RHEED patterns stayed streaky during the entire growth of the MQWs.
In fact, the rms roughness of the samples as determined by atomic force microscopy
is between 1.2 and 1.7 nm. The samples are further characterized by high-resolution
x-ray diffraction (HRXRD), secondary-ion-mass-spectroscopy (SIMS), and continuous-
wave photoluminescence (cw-PL) spectroscopy.
HRXRD To determine the structural parameters of these M-plane MQWs by
HRDXD, we follow the same procedure as employed in Refs. [124] and [127]. Symmet-
ric x-ray ω-2θ scans were taken with a Philips X’Pert PRO triple-axis diffractometer
with a Cu Kα1 source, a Ge(220) hybrid monochromator and a Ge(220) three-bounce
analyzer crystal. We first analyze the angular positions of the satellite peaks kine-
matically based on the nominal growth times to obtain the structural parameters of
the sample, implicitly assuming that segregation does not occur. Next, we employ
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simulations based on the dynamical diffraction theory [127] and vary the kinemati-
cally obtained parameters until the intensity of the satellites matches the experiment
in addition to their position. The simulations are done for perfect interfaces and are
convoluted with the instrumental resolution (25
′′
) only. As an example, Fig. 6.1 shows
ω-2θ scans for sample MQW-A across the (a) GaN(1100) and (b) GaN(2200) reflection.
Several important conclusions can be drawn from these scans:
(i) No additional signal is detected at the position of either GaN(0002) or in between
GaN(0002) and In0.1Ga0.9N(0002), demonstrating that the entire structure has the ex-
pected orientational relationship, i. e., [1100](In,Ga)N‖[100]LAO. Additional resonant
Raman measurements (not shown here) demonstrate that the structure also fulfills
the expected in-plane orientation relationship, namely, [0001](In,Ga)N‖[010]LAO and
[1120](In,Ga)N‖[001]LAO.
(ii) The angular separation between the LAO(200) and GaN(1100) reflections or
LAO(400) and GaN(2200) indicates a lattice dilation of 0.6% along the growth direc-
tion, i. e., [1100], for the GaN buffer. This fairly high strain is at least partly a result of
the coherent growth of GaN(1100) on LAO(100) along the [0001] direction [63], where
the lattice mismatch amounts to only 0.3%. The mismatch in thermal expansion, of
course, is also compressive and enhances this effect.
(iii) Superlattice satellites up to the 2nd order are observed for all samples, demonstrat-
ing the high periodicity of the structures and allowing us to determine their structural
properties.
In fact, the agreement between the experimental and simulated profiles is quite satis-
factory, whereas simulations with the kinematically obtained parameters (not shown
here) exhibit satellite intensity ratios clearly inconsistent with those experimentally
observed. The results of this analysis are summarized in Tab. 6.1, and indicate a very
significant In surface segregation for all samples under investigation. Interestingly, the
In content obtained from this analysis is ∼7%, while C-plane samples grown under
identical conditions exhibit an In content of about ∼15%.
The broadening of the satellites in the experiment with respect to the simulation, which
is particularly evident in Fig. 6.1 (b), gives rise to concern about the validity of our ap-












































Figure 6.1: Experimental (2) and simulated (—) triple-axis ω-2θ scans across the (a) GaN(1100) and
(b) GaN(2200) reflection of a 20-period M-plane (In,Ga)N/GaN MQW grown on LiAlO2(100) (sample
MQW-A). The superlattice satellites are denoted by SL±n.
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Table 6.1: Parameters of the M-plane (In,Ga)N/GaN MQWs under investigation as determined by the
kinematical analyses based on growth time (kin), the dynamical simulations taking the real depth profile
of In into account (dyn), and SIMS. The In content and the well width are denoted as x and dw (nm),
respectively. The lower and upper margin for the well thickness in the SIMS column corresponds to
the value obtained directly from the In content and that obtained from the FWHM of the In profile,
respectively.
kin dyn SIMS
Sample x dw x dw x dw
MQW-A 0.14 1.35 0.068 2.7 0.070 2.7–3.1
MQW-B 0.16 1.47 0.070 3.3 0.071 3.3–4.3
MQW-C 0.19 2.43 0.066 7.0 0.072 6.4–7.2
MQW-D 0.20 2.48 0.068 7.4 0.071 7.1–7.6
proach. Indeed, if this broadening would be caused by interface roughness, the inten-
sity ratio between the satellites would be changed and could not be described correctly
by the present model. However, the widths of the 0th and the -1th satellites are virtu-
ally identical for all samples, reflecting that the broadening arises from heterogeneous
strain rather than from interface roughness. A Williamson-Hall plot [91] of the width
of the SL0 reflection results in an estimated heterogeneous strain along the growth di-
rection of 1.2×10−3, larger than that obtained typically for bare GaN layers. This result
is not unexpected, as compositional fluctuations in the ternary (In,Ga)N alloy, which
are believed to be largely driven by In surface segregation [128], will inevitably result
in a certain degree of inhomogeneous strain.
SIMS In order to independently confirm the actual In content and structural param-
eters, we performed high-resolution SIMS measurements. SIMS was carried out with
a CAMECA IMS 4f-E6 system, employing Cs+ primary ions with an impact energy
of 5.5 keV and InCs+ ions as species for detection. The depth resolution under these
conditions is about 1 nm/decade and 2 nm/decade at the leading and trailing edge, re-
spectively. As an example, the In depth profile of sample MQW-A is shown in Fig. 6.2.
The leading and trailing edges of this depth profile are 1.4 and 2.2 nm/decade, i. e.,
close to the instrumental resolution. The progressive damping and broadening of the
signal with depth (cf. inset of Fig. 6.2) is caused by roughening due to the sputtering
process. The actual well width can be deduced in two ways from this profile. First,
we may take the In content as measured by SIMS for granted (note that InCs+ de-
tection is indeed known to be quite accurate in this regard) and combine this value
with the average In content as measured by HRXRD. Second, we may take the full-
width-at-half-maximum (FWHM) of the In peaks to reflect the actual well width if the
instrumental broadening is Gaussian and is significantly smaller than the well width
itself (otherwise the FWHM will overestimate the well width). The In contents and
well thicknesses thus determined for the samples under investigation are listed in
Tab. 6.1. The good agreement with those deduced from the HRDXD simulations is
evident. This result signifies that In surface segregation is present on the M-plane as
well as on the C-plane of GaN. The lower In content found for the former even suggests
that it is stronger in the present case. In other words, the In incorporation efficiency
59































Figure 6.2: SIMS depth profile of the top 50 nm of sample MQW-A. The depth resolution is indicated.
The entire depth profile is shown in the inset.
on the M-plane, phenomenologically lumping together processes such as segregation
and desorption, seems to be lower when compared to the C-plane. An interesting
point is the symmetrical ”top-hat”shape of each QW in Fig. 6.2, which we observed for
all samples under investigation. This observation is analogous to the case of C-plane
(In,Ga)N/GaN MQWs [124] and indicates a 0th-order In segregation process. This pro-
cess implies an In incorporation limit—here 7%—at a given growth temperature, and
has the consequence that the incorporation of In does not depend on the actual amount
of In floating on the growth front.
6.2 Recombination mechanism
The spontaneous emission of C-plane (In,Ga)N quantum wells is determined by both
e-h wavefunctions separation due to the built-in internal electrostatic field [quantum
confinement Stark-effect (QCSE)] and exciton localization caused by potential fluctua-
tions [129, 130, 131, 132]. The realization of M-plane (In,Ga)N/GaN MQWs allows us
to investigate the impact of excitons localization on radiative recombination without
the interference of internal electrostatic fields in this materials system. To study the re-
combination mechanism of M-plane (In,Ga)N/GaN MQWs, cw-PL and time-resolved
(TR) PL were carried out.
cw-PL Cw-PL spectra at various temperatures were recorded using a 325 nm He-Cd
laser with an excitation intensity of 10 W/cm2. Figure 6.3 (a) shows the evolution of
the cw-PL spectra from 5 to 300 K for an M-plane (In,Ga)N/GaN MQW (MQW-A).
The dominant emission centered close to 3 eV stems from the quantum wells. Inter-
estingly, we also observe emission near 3.36 eV, originating from excitons bound to
stacking faults in GaN [cf . section 5.2] and at 3.497 eV from the (D0,X) transition in
GaN. The energy position of the latter indicates a large compressive strain [102, 103],
which is consistent with the XRD measurements described above. However, the ob-
servation of luminescence from GaN alone is interesting, since we never detected any
signal from GaN in the case of C-plane (In,Ga)N/GaN MQWs with a total thickness,
as the present sample, exceeding the penetration depth of the laser. The lack of GaN
luminescence in this case is plausible: the internal electrostatic fields in the barriers of
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Figure 6.3: PL spectra of a M-plane (In,Ga)N/GaN MQW (MQW-A) in the temperature range from 5 K
to 300 K. All spectra are normalized and vertically offset for clarity.(a) Arrhenius representations of the
integrated PL intensity of MQW-A and MQW-D.(b)
C-plane (In,Ga)N/GaN MQWs rapidly separate electrons and holes and direct them
to the wells, thereby enhancing the capture efficiency. The observation of rather strong
luminescence from the GaN barriers in the present sample may thus be taken as a man-
ifestation of the absence of internal electrostatic fields.
Figure 6.3 (b) shows Arrhenius plots of the integrated cw PL intensity of two MQWs
(MQW-A and MQW-D). The total PL intensity of these two M-plane MQWs is reduced
by a factor of 17 and 44, respectively, when the temperature is increased from 5 to 300
K. In fact, all samples under investigation exhibit a strong and broad PL band between
400 and 420 nm at room temperature. For all of our M-plane MQWs, the luminescence
quenches by a factor of 15–50 when the temperature increases from 5 to 300 K. The PL
of these MQWs is still detectable up to 500 K. This finding is in contrast to C-plane
MQWs of similar well widths as, e. g., MQW-D (∼7 nm), where the emission intensity
decreases drastically with well width and is hardly detectable at room temperature.
Anomalous temperature-dependent PL width In both C-plane (In,Ga)N/GaN
MQWs [133, 134, 135] and cubic (In,Ga)N/GaN MQWs [136, 137], exciton localiza-
tion caused by In compositional fluctuation has a crucial influence on the radiative
recombination process. A clear indication for the presence of localized states in the
M-plane (In,Ga)N/GaN MQWs is obtained by the anomalous temperature depen-
dence of the full-width at half-maximum (FWHM) of the PL spectrum, as shown in
Fig. 6.4, for MQW-A. The narrowing of the spectrum upon increasing temperature
has been observed in several materials systems in which strong localization occurs,
such as InAs/GaAs quantum dots [138], (In,Ga)As/GaAs QWs [139] and (In,Ga)N
QWs [140, 129]. At low temperatures, excitons are randomly trapped by the localizing
centers, and the PL linewidth basically corresponds to the width of the distribution of
local potential minima. With increasing temperature, excitons are thermally activated
and become mobile within the band of localized states, allowing them to relax further
into deeper potential minima. This thermal activation will thus result in the distinct
narrowing of the linewidth. At even higher temperature, the thermal distribution of
excitons will force them to populate also higher-energy states. As a result, the PL band
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Figure 6.4: FWHM of the PL spectrum as a function of temperature for the M-plane MQW-A. The
dashed line is a guide for the eye.
broadens and its width once again approaches the bandwidth.
PL transition energy as a function of well thickness With the accurate structural
parameters obtained as described in section 6.1, a quantitative comparison of the tran-
sition energy as a function of the well thickness can be done. Figure 6.5 shows a com-
parison between the experimental room-temperature PL peak positions and the calcu-
lated transition energies, rigidly shifted down by 110 meV for clarity, versus the well
widths. The calculated values of the transition energy are obtained by a self-consistent
Schrödinger-Poisson calculation assuming a constant In content of 7%, a band gap
for In0.07Ga0.93N of 3.14 eV [141], a band offset ratio of 70:30 [142], effective electron
and hole masses of 0.2 and 1 [142], a nonlinear spontaneous and piezopolarization fol-
lowing Ref. [54], and assuming a uniform background carrier density of 1×1018 cm−3
which is the typical value for bare GaN layers grown on LiAlO2. The dashed curve
takes the full polarization field into account, while the solid curve is obtained assum-























Figure 6.5: Transition energy as a function of the well thickness for samples MQW-A to MQW-D, as-
suming a constant x of 7%. The symbols are experimental data, while the solid and dashed lines are
calculated based on polarization charges of 0 and 9.7×1012 C cm−2, respectively. Note that both curves
are rigidly shifted down to lower energies by 110 meV.
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ing no polarization. The experimental transition energies are seen to follow closely the
prediction for this quasi-flat-band case. It is most important to realize that all of the
above parameters, except for the polarization constants, will merely rigidly shift these
curves up or down, but will not change their shapes. A redshift, in fact, is expected
as our calculations do not include excitonic effects, which may amount to 40–60 meV
in the present structures [143], and exciton localization. These results thus provide
evidence for the fact that the structures under investigation are free from internal elec-
trostatic fields as encountered in corresponding C-plane structures.
Recombination dynamics To understand the dynamics of radiative recombination
of the M-plane MQWs, TRPL measurements at 7 K and at various excitation fluences
were performed. We use a frequency-doubled Ti:sapphire laser with a photon energy
of 3.4 eV, a pulse width of about 200 fs and a repetition rate of 4.75 MHz. For detection,
a Hamamatsu C5680 streak camera was used.
Figure 6.6 shows TRPL transients for a 15-period and a 20-period M-plane
(In,Ga)N/GaN MQWs, after excitation of the wells only with different excitation flu-
ences. The initial decay is rapid, faster than that we have observed for C-plane MQWs
with similar structural parameters. The transients, however, cannot be fit by either a
biexponential or a stretched exponential [144, 145, 146, 147, 148, 136]. It is noteworthy
that the transients exhibit an identical behavior for different excitation fluences. This
finding is in complete contrast to C-plane MQWs where screening of the electric field
occurs at these carrier densities (1018 cm−3), and as such provides a further sign for the
actual absence of internal electrostatic fields.
Figure 6.7 shows the transient obtained with the highest excitation fluence of the 20-
period MQW plotted as ln(ln[I0/I(t)]) vs. ln(t), in which a stretched exponential would
be a straight line. Obviously, the data cannot be represented by a stretched exponential.
The key for understanding the recombination dynamics for this sample is displayed in
Fig. 6.8. The PL band exhibits rapid spectral diffusion during the first 500 ps after
excitation. For longer time, the PL band still redshifts, but significantly slower.







































Figure 6.6: Integrated TRPL intensity transients at three different excitation fluences as indicated in the
figure for a 15-period and a 20-period M-plane (In,Ga)N/GaN MQW. Open circles are the experimental
data, solid lines show fits with identical parameters except for the amplitude, as described in the text.
The apparent step in the data prior to the pulse is an experimental artifact.
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We interpret this finding as follows: following excitation at 3.4 eV, the photogenerated
excitons thermalize and initially occupy extended states in the QW. These free exci-
tons then rapidly relax towards lower-lying localized states, which is the reason for
the rapid spectral diffusion as well as for the rapid initial decay of the PL transient.
Once reaching the localized states, the excitons are subject to a much slower redistri-
bution within the band of localized states, described by a stretched exponential [144].


















where G(t) is the excitation pulse, n f and nb the densities of free and bound excitons,
respectively, τ f and τb the corresponding radiative lifetimes, τr the relaxation time, and
β is the dimensionality parameter.
This rate-equation system has no analytical solution, but we have found that the
sum of an exponential [∝ exp(−t/τ ′r), representing the relaxation from free exci-
tons towards localized states with 1/τ ′r = 1/τ f + 1/τr] and a stretched exponential
[∝ exp(−(t/τ ′b)β
′
), accounting for the slow communication between the localized
states] is a sensible approximation, although the values for the individual lifetimes
and the dimensionality parameter β are then modified. The fits shown in Figs. 6.6 and
6.7 were done with identical parameters (except, of course, for the amplitude), namely,
τ ′r = 0.2 ns, τ ′b = 1 ns, β
′ = 0.68. The former value is a superposition of both relaxation
and radiative recombination of free excitons, and thus cannot be decomposed. The lat-
ter parameters, however, roughly correspond to τb = 3 ns and β = 0.5 as judged from
our numerical simulations of Eqs. (6.1) and (6.2). These are similar values as found for
nonpolar cubic (In,Ga)N [136, 30].
Finally, it is interesting to note that the energy shift displayed in the Fig. 6.8(b) is loga-
rithmic in nature and can be described by ∆E = −kTac ln(νt), with the acoustic phonon
temperature Tac and the attempt-to-escape rate ν ≈ 1012 s−1. This logarithmic relax-

















Figure 6.7: Doublelog-log representation of the 20-period MQW PL transient obtained with the excita-
tion fluence as indicated. Open circles are the experimental data, solid line shows the fit.
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Figure 6.8: The spectral diffusion of the PL band for the first 500 nm (a) and temporal variation of the
photon energy at the PL spetral peak (b). Note the different slopes for short and long times. The solid
lines in the inset are fits according to the equation ∆E = −kTac ln(νt).
ation has been observed before, both for the case of multiple-trapping relaxation of
carriers within a band of localized states [149] and for relaxation of excitons towards
localized states in quantum wells [150]. The temperatures required to fit our data are
found to be significantly higher than the actual lattice temperature, namely, 50 K for
the short- and 20 K for the long-time region. This behavior is identical to that observed
by Göbel and Graudszus [149] and has been attributed to the fact that the relaxation
process itself proceeds by the generation of phonons, thus increasing the phonon popu-
lation over the thermal equilibrium value. In this context, the difference of the phonon
temperatures extracted from our experiments is easy to be understood: while the relax-
ation of free excitons towards localized states proceeds exclusively by the generation
of phonons, excitons, once occupying localized states, have at least partly to rely on
existing phonons to assist them to migrate within the band of localized states.
6.3 Polarization anisotropy of spontaneous emission
Due to their hexagonal symmetry, wurtzite GaN and related compounds have a dis-
tinguished axis ([0001], the c-axis) and are thus inherently anisotropic materials. This
anisotropy manifests itself in the spontaneous electric polarization along the polar c-
axis. Further consequences of the symmetry of GaN are the splitting of the valence
band, different refractive indices for light parallel and normal to the c-axis and an op-
tically polarized spontaneous emission [151,152,153,154] and absorption [155] even in
the bulk.
It is clear from these considerations that the orientation of a GaN film has a decisive in-
fluence on its physical properties. For example, a theoretical study using the sp3-tight-
binding method implies that M-plane GaN/(Al,Ga)N QWs have a lower valence-band
density of states and larger optical matrix elements than corresponding C-plane struc-
tures, resulting in improved lasing performance [156]. Moreover, it has been recently
shown that M-plane GaN is an attractive candidate for the realization of polarization
sensitive detectors [47]. In this context, it is imperative to understand the selection
rules for interband transitions in these structures. In previous work, this issue was
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addressed by investigating the polarization anisotropy in M-plane GaN films [155]
and GaN/(Al,Ga)N multiple quantum wells [157]. In agreement with theoretical pre-
dictions, the linear polarization degree of these structures is close to unity. An open
and important question, however, is whether or not the ubiquitous exciton localiza-
tion in (In,Ga)N destroys this strong polarization anisotropy. The realization of M-
plane (In,Ga)N/GaN MQWs allows us to answer this question. In this section, we
study the in-plane polarization anisotropy of the spontaneous emission of an M-plane
(In,Ga)N/GaN MQW by photoluminescence (PL).
The sample investigated is a 20-period M-plane (In,Ga)N/GaN MQW. The polariza-
tion anisotropy of the PL spectra was measured in backscattering geometry (k⊥c) us-
ing a µ-PL setup, utilizing the 325 nm line of a He-Cd laser for excitation and a liquid
N2 cooled charged-coupled-device camera for detection. The linear polarization of the
PL at 10 K was analyzed by rotating a polarizer between a polarization angle φ of
0◦ and 360◦ (0◦ refers to E‖ c) in front of a single monochromator. The experimen-
tal data were carefully corrected for the (weak) polarization dependence of the setup.
Temperature-dependent PL measurements were performed in a conventional PL setup
























Figure 6.9: µ-PL spectra of a M-plane (In,Ga)N/GaN MQW at 10 K as a function of polarization angle
from 0◦ to 90◦. The dotted lines indicate the PL peak positions for E⊥ c and E‖ c. Inset (a) shows
a scheme of the wurtzite GaN unit cell and the coordinates used with the corresponding azimuths,
whereas inset (b) illustrates schematically the valence band order in strained M-plane GaN.
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POLARIZATION ANGLE φ (deg)
Figure 6.10: Spectally integrated µ-PL intensity at 10 K for the 20-period M-plane (In,Ga)N/GaN MQW
as a function of polarization angle. The circles represent the experimental data and the solid line is a
least-squares fit to a sin2 φ.
In-plane polarization anisotropy of spontaneous emission Figure 6.9 shows the
low-temperature PL spectra as a function of φ ranging from 0◦ to 90◦. The domi-
nant PL band at 3.14 eV stems from the (In,Ga)N/GaN MQW, while the higher-energy
shoulder located near 3.36 eV originates from excitons bound to stacking faults (SFE).
(see section 5.2) Obviously, the entire emission is strongly polarized. However, con-
trary to the case of GaN/(Al,Ga)N MQWs [157], the peak energy of the PL band varies
with polarization angle. A low energy shoulder located at around 3.1 eV becomes more
prominent with decreasing polarization angle, and eventually dominates the spectrum
for φ = 0, i. e., E‖ c.
This finding is surprising, since it seems at first glance to contradict our understand-
ing of the bandstructure of M-plane GaN. As described in detail in Ref. [158], the
anisotropic in-plane compressive strain experienced by the (In,Ga)N films breaks the
symmetry in the x-y plane of the wurtzite crystal and renders the original |X ± iY〉-
like valence-band states of unstrained wurtzite GaN into |X〉-like and |Y〉-like states
(see Fig. 6.9 for our choice of coordinates). The |X〉-like state is raised in energy by the
strain, while of the |Y〉-like state is pushed down below the |Z〉-like state (cf. Fig. 6.9).
The inter-band transition lowest in energy is thus that involving the |X〉-like valence
band which, according to its symmetry, is expected to be predominantly x-polarized
(E⊥ c). The transition involving the |Z〉-like valence bands occurs at higher energy
and is expected to be z-polarized (E‖ c). In our experiment, however, the situation
seems reversed, as the PL band blue shifts when going from E‖ c to E⊥ c. It should be
noted that a corresponding C-plane with similar structural parameters did exhibit an
isotropic emission independent of the polarization angle, as theoretically expected.
PL intensity as a function of φ For a more quantitative view, the spectrally inte-
grated PL intensity is plotted versus φ in Fig. 6.10. The sin2 φ fit agrees well with the
experimental data and thus most clearly shows the almost completely x polarization
of the entire PL band. Any contribution from a z-polarized transition would reduce
the amplitude as they would result in an additive term proportional to cos2 φ.
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Apparent band shift To resolve the unexpected shift of the PL band, we next examine
the PL spectra in more detail. Figure 6.11 presents the normalized PL spectra for φ = 0◦
and 90◦ as well as the energy-resolved polarization degree. The spectrum taken with
E⊥ c peaks at 3.14 eV, but exhibits a (poorly resolved) shoulder at 3.1 eV, just where the
spectrum taken with E‖ c has its maximum. Similarly, the latter spectrum exhibits a
bump at 3.14 eV, corresponding to the maximum of the former (the shoulder at 3.01 eV
might be due to a phonon replica of the dominant transition in this spectrum). It thus
seems that the PL band consists of (at least) two contributions, the respective strength
of which varies with polarization angle. Indeed, as shown in the inset of Fig. 6.11,
the spectrum taken at φ = 20◦ exhibits a top-hat shape, indicating that these two
contributions have equal strength at this polarization angle. We attribute this finding
to the superposition of transitions involving extended states and a band of localized
states. This interpretation is confirmed by the energy dependence of the polarization





where I⊥ (I‖) is the PL intensity for E⊥ c (E⊥ c).
As seen in Fig. 6.11, the polarization degree thus obtained amounts to 96% at high en-
ergies, but gradually decreases to 90% with decreasing energy. The degree of polariza-
tion is thus even higher than that found for GaN/(Al,Ga)N MQWs, which is likely to
3.1 3.2















































Figure 6.11: Normalized µ-PL spectra polarized parallel and perpendicular to the c-axis for the M-plane
(In,Ga)N/GaN MQW. The polarization degree as a function of photon energy is also shown. The arrows
indicate the positions for the PL maximum in one spectrum and the corresponding shoulder in the other
one. The inset is a magnified view of the normalized spectra at φ=0◦, 20◦ and 90◦.
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be a result of the large valence-band-splitting induced by the high compressive strain
within the wells [157]. The monotonous decline of ρ with decreasing emission energy
has been observed previously for excitons localized by compositional fluctuations in
CdS1−xSex [159]. A possible explanation for this behavior is the increased mixing of
the different valence band states due to stronger confinement. In any case, it is clear
that the spectral shift of the PL band is an apparent one, in that it solely results from
the different ρ of the states involved in the emission process. The states involved in
the emission process are of predominant |X〉-like character. Even considering the high
strain within the wells, the valence-band splitting is unlikely to exceed the total width
of the PL band. This finding thus implies that the PL band stems almost entirely from
transitions involving localized states of different potential depth which are not in equi-
librium with each other [157].
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7 Mg-doped M-plane GaN
To fabricate GaN-based light-emitting devices, controllable p-type doping is required.
Mg is the most widely-used dopant for achieving p-type GaN(0001). The large ioniza-
tion energy (Ea) of Mg, i. e. ∼200 meV, requires a two orders of magnitude higher Mg
concentration in order to achieve the desired hole concentration at room temperature.
Unfortunately, as the Mg doping level in conventional C-plane films is increased, a
polarity inversion from Ga-polar to N-polar occurs at the growth front, significantly
reducing the Mg incorporation. The Mg incorporation in the nonpolar GaN(1100) ori-
entation, the M-plane, is inherently free from this problem.
In this Chapter, a study of the impact of the growth temperature and III-V stoichiom-
etry on the Mg incorporation in M-plane GaN is presented. Then both optical and
electrical measurements are discussed.
7.1 Mg incorporation
Growth Growth of a 50 nm low-temperature nucleation layer was initiated at 580◦C
under Ga-rich conditions. Then the substrate temperature was raised to 740◦C and a
150 nm unintentionally doped GaN buffer was deposited with a Ga flux of 0.475 ML/s
and a N flux of 0.275 ML/s, resulting in stable Ga coverage on the growth front (cf. sec-
tion 4.3). Note that these as-grown films are n-type with an electron concentration (ne)
of ∼1018 cm−3. The structures grown incorporate four 100 nm Mg-doped layers sepa-
rated by three 100 nm undoped GaN spacers. To establish a smooth growth front prior
to Mg doping, these spacer layers were grown under the optimum conditions identi-
fied above. The Mg flux was controlled by varying the Mg effusion cell temperature
from 300 to 450◦C in steps of 50◦C. The Mg-doped layers in samples A and B were
grown at 740◦C, under Ga-stable (trilayer) conditions for sample A and slightly N-rich
conditions for sample B. For samples C and D, the temperature during the Mg-doped
layers was set to 630◦C, with Ga-stable conditions for sample C and slightly N-rich
conditions for sample D. High-resolution triple-crystal x-ray diffraction demonstrated
that all samples are purely GaN(1100).
SIMS The Mg depth profiles were measured by secondary-ion mass spectroscopy
(SIMS) in a CAMECA IMS 4f system, employing O2+ primary ions with an impact
energy of 8 keV. The O depth profiles were measured by SIMS in another CAMECA
IMS 4f-E6 system, employing Cs+ primary ions with an impact energy of 14.5 keV.
The depth resolution under these conditions is about 10−13 nm/decade. It should be
pointed out that the SIMS detection limit for O is about 2×1018 cm−3 with this setup.
Figure 7.1 shows SIMS depth profiles for Mg and O in the four samples under investi-
gation. The O spike close the surface is an artifact due to surface contamination, while
the rising Mg signals at the interface between the epilayer and the substrate are caused
by charging effects.
Two important conclusions can be immediately drawn from these profiles.
(i) A Mg concentration of up to 8×1020 cm−3 is obtained in sample D. This concentra-
tion is significantly higher than what can be obtained in C-plane GaN(0001), for which
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Figure 7.1: Mg and O depth profiles of four Mg-step-doped M-plane GaN samples. Sample A (a), B (b),
C (c), and D (d).
a polarity inversion occurs as soon as the Mg concentration exceeds 8×1019 cm−3 [160].
The (0001)-oriented film (Ga-face) converts itself into (0001)-oriented (N-face) and this
process is not reversible. The incorporation efficiency of Mg on N-face GaN is much
lower (two orders of magnitude) than on Ga-face GaN [160], resulting in a drastic drop
of the Mg concentration. However, in a recent report a doping level of ∼2×1020 cm−3
could be achieved without inversion domains, if a complete Ga wetting layer was de-
posited on the substrate prior to growth [161]. As [1100] is a nonpolar direction in the
wurtzite structure, no polarity inversion can occur along the growth direction and Mg
doped M-plane GaN with a higher Mg concentration can be readily obtained.
(ii) The abruptness of the Mg step-doping depends on both temperature and stoichiom-
etry. Samples C and D have sharper profiles than samples A and B grown at higher
temperature. For example, the Mg profile of sample D has leading and trailing edges
of 16 nm/decade and 31 nm/decade, while sample B has five times wider leading
and trailing edges. This finding provides evidence for bulk diffusion. Note also that
the abruptness degrades with depth, i. e., with annealing time during growth. For in-
stance, in sample C, the trailing edge of 24 nm/decade for the top Mg-doped region
increases up to 55 nm/decade for the first Mg-doped region. The thermal diffusion
process should lead to a symmetrical Mg profile. However, even considering the bet-
ter SIMS resolution for the leading edge than that for the trailing edge, we observe that
the slopes of the leading edges are larger than those of the trailing edges in Fig. 7.1
(b). Furthermore, sample A shows a much more smeared-out Mg depth profile than
sample B, although the growth temperature is the same. These indicate a strong Mg
surface segregation, which is also observed on GaN(0001) films [162, 163]. Under N-
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rich condition and low growth temperature, the Mg segregation is restrained to some
extent, which can be determined by comparing the slopes of the leading edges in the
Mg profiles of these four samples.
The O depth profiles follow the Mg distribution as seen in Fig. 7.1, indicating a strong
reactivity of Mg with O, similar to the case of O in AlxGa1−xAs [164]. The out-diffusion
of O from the oxide substrate is not significant, for example as seen in sample A. In fact,
uniformly Mg doped M-plane layers grown up to 750◦C do not show any notable O
out-diffusion, as compared with their C-plane counterparts grown on SiC(0001) under
identical conditions.
Mg and O average concentrations as a function of inverse Mg cell temperature are plot-
ted in Fig. 7.2 (a) and (b), respectively. In Fig. 7.2 (a), the temperature dependence of
the Mg vapor pressures is included. The absolute Mg concentration depends strongly
on substrate temperature. However, all samples show a similar Mg incorporation be-
havior, with an effective activation energy of 0.28 eV. Note that the activation energy of
Mg evaporation is 0.66 eV, deduced from the Arrhenius plot of the Mg vapor pressure.
This observation indicates that Mg segregation on and desorption from the growth
front remain the rate-limiting steps even at low growth temperature. The absolute Mg
concentration also depends on stoichiometry, but less strongly than on substrate tem-
perature. This finding reflects that Mg surface segregation occurs and is significantly
enhanced on the Ga-terminated surface. Note, however, that samples grown under
Ga-stable conditions are significantly smoother than those grown under N-rich condi-
tions.
If we only consider the Mg incorporation efficiency which might be needed for a high
hole concentration, the M-plane is undoubtedly superior to the C-plane. However, one
should bear in mind that a high Mg concentration does not necessarily result in a high
hole concentration or high p-type conductivity, as self-compensation might eventually
occur and more scattering centers also lower the mobility.
The O concentration for M-plane layers grown under standard conditions was found
to be at the detection limit of SIMS. Furthermore, in Fig. 7.2 (b), the samples grown at
the high temperature show lower O levels in Mg-doped regions, compared with their






























































Figure 7.2: Arrhenius plots of Mg (a) and O (b) concentrations of four investigated M-plane GaN sam-
ples. The solid line connecting experimental data points are guide for eye. The dashed line in (a) is Mg
vapor pressure as a function of inverse Mg temperature, whose unit in this plot is arbitrary. Note that
the SIMS detection limit for O is about 2×1018 cm−3.
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counterparts grown at the lower temperature. The determination of O concentrations
in the regions close to the surface is rather difficult due to the artificial O spike at
the surface, as seen from Fig. 7.1. This is reflected by the large error bars in Fig. 7.2
(b). Additionally, the O incorporation into Mg-doped GaN under N-rich conditions
can be an order of magnitude higher than under Ga-rich conditions. These findings
are similar to the case of unintentional O incorporation into (Al,Ga)N [165]. Thus,
the growth at high temperature with a stable Ga coverage seems to be an effective
way to prevent the undesired incorporation of O. Furthermore, the O concentration
rises as the Mg flux increases in sample B, while it decreases in sample C and D. The
former finding seems to imply that a higher Mg concentration leads to an enhanced
incorporation of O. However, the reason for a decrease of O incorporation as the Mg
flux increases in sample C and D is not yet clear.
The unintentional O can originate from (i) residual O in the vacuum chamber, (ii) dis-
sociation of LiAlO2, (iii) the nitrogen gas. The base vacuum pressure of our growth
chamber is about 7×10−11 Torr without detectable O signal by quadrupole mass spec-
trometry. Concerning the possible dissociation of LiAlO2, we did not observe any
decomposition up to 1300◦C in vacuum with the help of mass spectrometry (cf. sec-
tion 3.1). However, we cannot rule out O released from O-containing compounds evap-
orated from LiAlO2 if Mg acts as a catalyzer. The most probable source of O, however,
is the N2 gas. Although the N2 gas has a purity of 6N and is then further purified by a
SAES filter, it still contains O in the ppb range. Considering the low cracking efficiency
of the plasma source, this may still lead to a significant O incorporation [165, 166].
XRD The crystal quality of uniformly Mg-doped M-plane GaN films is examined by
XRC. The FWHM of the (1100) reflection in XRC is plotted in Fig. 7.3 as a function of
Mg cell temperature. The FWHM decreases as the Mg flux increases and reaches a
minimum of 270 arcsec with a Mg cell temperature of 400◦C. A further increase of the
Mg flux broadens the XRC again. The density of defects, at least those related to the
symmetrical XRC broadening, seems to be reduced as a result of the Mg incorporation.


























Figure 7.3: XRC FWHMs of uniformly Mg-doped M-plane GaN as a function of Mg temperature.
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7.2 Optical and electrical properties
7.2.1 Optical measurements
In this part, two uniformly Mg-doped M-plane GaN samples with a thickness of
1.2 µm are investigated. These two samples were grown under the same conditions
as the Mg doped regions of the step-doped sample A described in the last section. The
only difference between these two samples is the Mg doping level. One sample was
doped with TMg at 350◦C (hereafter called as sample UA), the other one (named by
sample UB) was doped with TMg at 400◦C. The corresponding Mg concentrations are
1×1019 and 2.5×1019 cm−3 for samples UA and UB, respectively. The samples were
characterized by continuous wave PL. PL spectra at various temperatures and excita-
tion intensities were recorded using the 325 nm line of a He-Cd laser.
PL Figure 7.4 shows the PL spectra of samples UA and UB at 5 K. The excitation
power for both was 30 mW, which is corresponding to a generation rate of about
8.35×1019 cm−2s−1. Note that this excitation intensity is the upper limit of our PL
set-up. The spectra are dominated by a broad transition around 3.3 eV together with
two equidistant low-energy shoulders. From the energy separation, these shoulders
are attributed to the phonon replicas of the peak near to 3.3 eV, similar to the DAP
peak in sample G2 mentioned in section 5. The near band edge transition is visible, but
rather weak, particularly in sample UB. Note that this near band edge transition is not
detected for both samples under lower excitation intensities.
To explore the origin of the dominant peak around 3.3 eV, excitation-density depen-
dent PL measurements were carried out, similar to what was done for sample G2 in
section 5.2. Figure 7.5 (a) and (b) show the PL spectra of samples UA and UB under
various excitation intensities, respectively. Both an emission blueshift and a narrow-
ing of the peak with increasing generation rate are characteristic features of the DAP
transition in semiconductors. On the other hand, both phenomena can also result from
the screening of the potential fluctuation caused by the random distribution of charged
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Figure 7.4: PL spectra of sample UA and UB recorded at 5 K. The excitation intensity is corresponding
to a generation rate of about 8.35×1019 cm−2s−1. The inset shows the near-band-edge part of the both
spectra.
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Figure 7.5: Excitation density-dependent PL spectra of sample UA and UB recorded at 5 K. The unit
generation rate is about 8.35×1015 cm−2s−1. The equidistant phonon replicas are indicated by vertical
lines.
impurities in highly compensated semiconductors. Once the DAP transition saturates
under the high excitation intensity, the near band-edge transition will take over. This is
demonstrated in the inset of Fig. 7.4. In addition, it should be pointed out that the DAP
emission band in both samples remains the dominant transition up to room tempera-
ture. This behavior is different from the case of sample G2 mentioned in section 5.2,
which has a dominant (D0,X) transition even at 5 K. This indicates that a large amount
of Mg in both samples are incorporated substitutionally.
7.2.2 Electrical measurements
The purpose of Mg doping is to realize p-type conductivity. So the electrical properties
of uniformly Mg-doped M-plane GaN layers are investigated.
Resistivity Figure 7.6 shows the room temperature resistivity of Mg-doped M-plane
films as a function of Mg temperature. The resistivity of these samples monotonously
increases with Mg cell temperature, indicating a higher and higher degree of compen-
sation of the background electron density. The resistivity of the layer with the highest
Mg concentration is 54 Ωcm at 300 K, which is about one order of magnitude higher
than that of C-plane layers grown under virtually identical conditions. Possible rea-
sons for this higher resistivity include an enhanced tendency of self-compensation on
GaN(1100) and/or a higher background electron density. The Hall measurements in-
dicate that layers with the highest Mg concentration are p-type, but impurity band
conduction seems to dominate. Nevertheless, in conjunction with the observation of
the DAP transition in PL, it is evident that an appreciable amount of Mg, if not all, in
M-plane GaN acts as acceptor. It is noted that segregation of electrically inactive Mg
at planar defects might take place [167]. Since there is a high density of basal stacking
faults in M-plane GaN films (cf. section 5.1), the impact of these stacking faults on the
electrical activation of Mg is difficult to judge. The reason for the higher resistivity of
Mg-doped M-plane layers is thus at present unclear and requires further investigation.
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Figure 7.6: Room temperature resistivity of M-plane films with various Mg doping levels.
In-plane anisotropic resistance It is interesting to note that some of our Mg-doped
M-plane GaN films exhibit a strongly anisotropic conductance. Because of this high
asymmetry, the van der Pauw geometry is no longer suitable for the resistivity mea-
surement, and Hall bars were prepared instead. Figure 7.7 (a) shows temperature de-
pendent Hall measurements for a Mg-doped M-plane GaN layer with a Mg concen-
tration of 7×1020 cm−3. The resistance differs by two orders of magnitude between
the two orthogonal directions. This anisotropic electrical transport could be related to
a nonuniform distribution of Mg. Here, a conceptual model is presented. Both the
anisotropic surface morphology and the presence of stacking faults on the basal plane
might contribute to a nonuniform distribution of stripe-like highly conducting rods
along the [1120] direction [see Fig. 7.7 (b)]. This anisotropic distribution would result
in potential barriers, the number of which is larger along [0001] than along [1120]. In
other words, the carriers have to cross a different number of potential barriers along
























Figure 7.7: (a) Arrhenius plots of resistances along two orthogonal directions at different temperatures.
I[0001] and I[1120] denote the current flow parallel to [0001] and [1120] directions, respectively. (b) A
conceptual model for the anisotropic resistance. Black rods present highly-conductive regions, while
thin curves indicate current paths.
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8 Conclusion and outlook
In this dissertation, it has been shown that high-quality M-plane GaN films can be
reproducibly synthesized on γ-LiAlO2(100). The phase purity and surface quality of
these M-plane GaN epilayers were shown to be very sensitive to the choice of the sub-
strate and nucleation conditions. Optimum growth conditions of M-plane GaN films
were then established, which is crucial for a further study of this promising material.
Furthermore, the microstructure of these films were analyzed and found to be different
from their C-plane counterpart. Stacking faults are observed to be the dominant defects
in our M-plane films, instead of threading dislocations, which are usually considered
to be nonradiative recombination centers. Strong emission from excitons bound to
stacking faults is observed at low temperature. In general, it has been shown that the
morphological, structural and optical qualities of our M-plane GaN films grown un-
der optimum conditions approach those of state-of-the-art C-plane MBE-grown GaN
films.
Based on high-quality M-plane GaN buffer layers, the successful growth of
(In,Ga)N/GaN(1100) multiple quantum wells (MQWs) has been demonstrated. The
composition profile of those M-plane MQWs by both high-resolution x-ray diffractom-
etry and secondary ion-mass spectrometry were investigated. Significant In surface
segregation was observed. This knowledge is of importance for realizing higher In
incorporation in the future. It was then demonstrated that these heterostructures are,
as expected, free of internal electrostatic fields along the growth direction. As a conse-
quence, a high photoluminescence (PL) efficiency of these structures, even at elevated
temperatures (500 K) and for wide wells, was observed. This finding indicates the
potential of nonpolar (In,Ga)N/GaN as active region in light emitting devices. In ad-
dition, a strong polarization anisotropy with a linear polarization degree of up to 96%
has been observed for these MQWs.
The impact of the growth temperature and stoichiometry on the Mg incorporation in
GaN(1100) has been investigated. Mg doping levels up to 8×1020 cm−3 have been ob-
tained in M-plane GaN layers, with no observed degradation in crystal quality. The
observation of a pronounced dependence of O incorporation on growth conditions
indicates an important strategy for reducing the O incorporation during Mg doping.
Both optical and electrical measurements evidence that a large number of Mg is incor-
porated substitutionally and acts as acceptor.
Future work on this promising material should concentrate on the following issues:
First, the surface quality of γ-LiAlO2 is still inferior when compared with commercially
available SiC(0001) and Al2O3(0001) wafers. For further improving the surface quality
of M-plane GaN, it is desirable to find a way to improve the surface morphology of
γ-LiAlO2 by either external chemical processing or a cleaning process inside the MBE
system.
Second, the mechanism of broadening of XRCs of M-plane epilayers should be further
studied. This knowledge might help us to quickly determine the defect types and
estimate the defect densities in M-plane films.
Third, the In incorporation efficiency is quite low in our M-plane (In,Ga)N/GaN
MQWs. Exploring appropriate growth conditions for higher In contents will be an
interesting topic.
Forth, the origin of the high background electron concentration in unintentionally
77
doped GaN should be further explored. Reducing the unwanted O incorporation
might be a direct way to realize p-type M-plane GaN and thus novel devices based
on it.
Finally, we note that M-plane bulk AlN substrates are now commercially available1.
Regarding the chemical and thermal stability, AlN is certainly superior to γ-LiAlO2 as a
substrate. With an identical structure, M-plane AlN has the same stacking sequence as
M-plane GaN. Thus, GaN films grown on M-plane AlN substrates might be free of the
planar defects observed in those grown on structurally incommensurable substrates,
such as γ-LiAlO2(100). The possibility of segregation of electrically inactive Mg at
these defects would be reduced, and it thus might turn out easier to achieve p-type
doping. In addition, AlN is an O-free material, unlike LiAlO2. One thus does not
need to worry about O contamination originating from the substrate during growth.
Therefore, the epitaxial growth of GaN films and relevant structures on M-plane AlN
substrates will be technologically and commercially interesting in the future.
1Crystal IS, Inc., 877 25th Street, Watervliet, NY 12189, USA
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[82] B. Pécz, M. A. D. Forte-Poisson, F. Huet, G. Radnóczi, L. Tóth, V. Papaioannou,
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nur die angegebene Literatur und Hilfsmittel verwendet zu haben.
Yue-Jun Sun
18. Dezember 2003
91
